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INTERPHASE AND PARTICLE DISPERSION CORRELATIONS IN POLYMER 

NANOCOMPOSITES 

Abstract 

Particle dispersion in polymer matrices is a major parameter governing the mechanical 

performance of polymer nanocomposites. Controlling particle dispersion and 

understanding aging of composites under large shear and temperature variations 

determine the processing conditions and lifetime of composites which are very important 

for diverse applications in biomedicine, highly reinforced materials and more importantly 

for the polymer composites with adaptive mechanical responses. This thesis investigates 

the role of interphase layers between particles and polymer matrices in two bulk systems 

where particle dispersion is altered upon deformation in repulsive composites, and good-

dispersion of particles is retained after multiple oscillatory shearing and aging cycles in 

attractive composites. We demonstrate that chain desorption and re-adsorption processes 

in attractive composites under shear can effectively enhance the bulk microscopic 

mechanical properties, and long chains of adsorbed layers lead to a denser entangled 

interphase layer. We further designed experiments where particles are physically 

adsorbed with bimodal lengths of homopolymer chains to underpin the entanglement 

effect in interphases. Bimodal adsorbed chains are shown to improve the interfacial 

strength and used to modulate the elastic properties of composites without changing the 

particle loading, dispersion state or polymer conformation. Finally, the role of dynamic 

asymmetry (different mobilities in polymer blends) and chemical heterogeneity in the 
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interphase layer are explored in systems of poly(methyl methacrylate) adsorbed silica 

nanoparticles dispersed in poly(ethylene oxide) matrix. Such nanocomposites are shown 

to exhibit unique thermal-stiffening behavior at temperatures above glass transitions of 

both polymers. These interesting findings suggest that the mobility of the surface-bound 

polymer is essential for reinforcement in polymer nanocomposites, contrary to existing 

glassy layer theories for polymers on attractive particle surfaces. The shown thermally-

induced stiffening behavior is reversible and makes this interfacial mechanism highly 

attractive in developing new active, remotely controllable engineered materials from non-

responsive components.  
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CHAPTER 1 

OVERVIEW 

Addition of nanoparticles into polymeric matrices improves mechanical1-4, 

optical5, and electrical properties6,7 of polymer nanocomposites. These properties are 

essential in diverse applications of implants8, drug delivery9, batteries10 and 

membranes11. Dispersion of nanoparticles is a critical parameter determining 

performance of nanocomposites, which can be achieved by the competing enthalpic and 

entropic attractions between particle-particle and particle-polymer. Organization of 

particles and resultant mechanical properties of nanocomposites are generally 

investigated in their equilibrium state. This thesis explores the evolution of mechanical 

behavior of polymer bulk nanocomposites near and out-of- equilibrium states. The 

hypothesis is that with oscillatory shearing and aging protocols interfacial interactions 

between particles and polymers can be modulated.  

 Polymer bulk dynamics in the presence of particles is an interesting topic in 

polymer physics as our knowledge on the polymer dynamics is limited with the glassy 

layer theories on attractive surfaces and in thin films. Dynamics of long entangled 

adsorbed chains on particle interfaces and within nanoparticle-polymer interphases 

remain still unknown. Attractive interactions between particles and polymers slow down 

chain mobility and form a thin (~1-4 nm) bound layer around fillers12,13,14.  Dynamics 

within the interphase region of polymer matrix and fillers has attracted much attention in 

recent years because entanglement density and glass-transition temperature may change 

at high particle loadings due to confinement of chains15,16,17,18,19,20. In attractive polymer 
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nanocomposites with well-dispersed nanoparticles, it is commonly believed that the 

percolation of this glassy bound layer is responsible for reinforcement in filled 

elastomers.  Contrary to this common hypothesis, recent dynamic measurements showed 

that the interphase is highly mobile and the confinement of chains near particles can 

translate into the bulk phase through strong topological interactions (entanglements)16. 

Therefore, interphase has direct consequences on macroscopic bulk properties, which are 

probed by rheometry.   

This thesis aims to understand the role of interphase layers between particles and 

polymer matrices in two bulk systems. The first system is a repulsive polymer 

nanocomposite where particle dispersion is altered upon deformation, and the second 

nanocomposite system is an attractive composite in which good dispersion of particles is 

retained after multiple oscillatory shearing and aging cycles. Flow-induced tunable 

interphases result in stiffening behavior of composites which can resist deformation after 

long time aging. The role of entanglements on the interphase strength is underpinned by 

using bimodal chains of very short (unentangling) and long (entangling) chains. 

Furthermore, the effect of dynamic asymmetry and chemical heterogeneity in the 

interphase region is studied via a miscible polymer blend. Four cases of interphases as 

schematically illustrated in Figure 1.1 are discussed in the following chapters. 
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Figure 1. 1. Different interphases of four polymer nanocomposite systems are 

investigated in this thesis. 

In Chapter 2, we report on polystyrene and silica (PS-SiO2) composite system21 

where hydrophobic polymer and hydrophilic nanoparticles share a repulsive interface; 

thus polymer adsorption and formation of an interphase is unfavorable. Particles form 

elongated and connected aggregates at high particle loadings as a result of immiscibility. 

We focused on the intra-cycle response of PS-SiO2 nanocomposites to large amplitude 

oscillatory shearing. We demonstrated, for the first time that, the rapid stress rise at small 

instantaneous strains is the result of a percolated network, while the large-strain behavior 

is governed by the non-linear strain-stiffening of entangled polymer chains. Deforming 
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and resting cycles with varying rest times and transmission electron microscopy (TEM) 

images unequivocally correlate microstructures to mechanical non-linearities.  

Chapter 3 presents an unusual self-stiffening of a model attractive nanocomposite 

system, poly(methyl methacrylate)-silica (PMMA-SiO2), under a series of cyclic 

deformations.22 We postulate that microscopic relaxation dynamics of polymer is 

influenced by an interphase region and this effect is suppressed by increasing the particle 

loading to confine polymer chains. Through a series of well-controlled experiments, we 

showed that the composites self-stiffen after sufficiently large amplitude shear. Chains 

desorb from the surface during large shear, entangle denser at rest, resulting in a growing 

interphase. Small-Angle Neutron Scattering (SANS) and Fourier-Transform Infra-Red 

(FTIR) spectoscopy experiments provided insights into chain and molecular 

conformation. Additionally, we showed that stiffening rate is controlled by diffusion of 

reptating chains at rest.  

Entanglement controlled stiffening led to new ideas on how to modulate the 

strength of interphases. In Chapter 4, we showed that interfacial entanglements can be 

tuned by simultaneously adsorbing very short and long chains on nanoparticle 

surfaces.23  Entanglement density within interphases is controlled by varying volume 

fraction of long adsorbed chains while keeping particle dispersion state and concentration 

constant. Results revealed that the strength of interphase and rheological properties can 

be physically tuned by adsorbing chains of bimodal lengths. Compositional variation of a 

bound layer leads to dynamic heterogeneities as also measured in dynamic fragility. 
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Results from Chapter 4 provide a direct evidence for the entanglement driven stiffening 

mechanism proposed in Chapter 3.  

In Chapter 5, we investigated the role of relative mobility between adsorbed and 

matrix chains to the mechanical behavior. Nanoparticles adsorbed with a high-Tg polymer 

(PMMA) are dispersed in a miscible low-Tg matrix (poly(ethylene oxide), PEO) to create 

an interphase consisting of dynamically asymmetric chains. By modulating temperature 

around the Tg of PMMA, mechanical relaxations of composites are measured as bound 

polymer becomes glassy and mobile with cooling and heating. Our nanocomposites 

present an unusual reversible liquid-to-solid transition at temperatures above Tg's of both 

polymers. Mechanical adaptivity of PEO nanocomposites to temperatures underlies the 

existence of dynamically asymmetric bound layers on particles, and more importantly 

their impact on mechanical behavior, which sets these materials apart from conventional 

polymer composites that soften upon heating. The results suggest that the mobility of the 

bound polymer is essential for reinforcement contrary to commonly accepted glassy layer 

hypothesis. Composites with highly asymmetric interphases offer a new route of 

achieving mechanical adaptivity without cross-linkable or stimuli responsive polymers.  

Thermal-stiffening of composites with well-dispersed nanoparticles form an 

interesting case for particle relaxation as bound polymer vitrifies. In Chapter 6, we 

present our preliminary results from the X-ray Photon Correlation Spectroscopy (XPCS) 

for bare SiO2 and PMMA adsorbed SiO2 dispersed in PEO matrix. In composites with 

bare nanoparticles, PEO is adsorbed and bound layer is always mobile at the 

experimental temperature range. In PMMA adsorbed SiO2 composite, bound PMMA is 
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glassy at low temperature and mobile at higher temperatures. We showed that relaxation 

of bare nanoparticles in PEO is diffusive at various measurement temperatures. To the 

contrary, dynamics of PMMA adsorbed particles is sub-diffusive in PEO at low 

temperature with short relaxation times; and the dynamics switches to a diffusive mode 

with increased relaxation times at high temperature. Particle dynamics probed by the 

XPCS technique reveal that local viscosity around fillers change with the glassy and 

mobile PMMA bound layer, which supports the thermo-stiffening behavior presented in 

Chapter 5. Particle relaxation and rheological measurements of bulk composites show 

that interphase-governed properties can be modulated without structural changes in bulk 

systems. 

Mechanisms presented here underline the fundamental phenomena of chain 

dynamics of miscible blends with particles and can be used for designing mechanically 

adaptive and responsive materials. In Chapter 7, some of the most exciting directions for 

future work are summarized.  



 

 

 

 

 

CHAPTER 2 

MECHANISTIC MODEL FOR DEFORMATION OF POLYMER 

NANOCOMPOSITES UNDER LARGE AMPLITUDE SHEAR1 

 

Chapter Summary 

We report the mechanical response of a model nanocomposite system of 

polystyrene (PS)-silica to large-amplitude oscillatory shear deformations. Non-linear 

behavior of PS nanocomposites is discussed with the changes in particle dispersion upon 

deformation to provide a complete physical picture of their mechanical properties. The 

elastic stresses for the particle and polymer are resolved by decomposing the total stress 

into its purely elastic and viscous components for composites at different strain levels 

within a cycle of deformation. We propose a mechanistic model which captures the 

deformation of particles and polymer networks at small and large strains, respectively. 

We show, for the first time, that chain stretching in a polymer nanocomposite obtained in 

large amplitude oscillatory deformation is in good agreement with the non-linear chain 

deformation theory of polymeric networks. 

 

                                                 

1 Reproduced in part with permission from [Senses, E., & Akcora, P. (2013). Mechanistic model for 
deformation of polymer nanocomposite melts under large amplitude shear. Journal of Polymer Science Part 
B: Polymer Physics, 51(9), 764-771.] Copyright © 2013 Wiley Periodicals, Inc.  
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2.1. Introduction 

Reinforced composites that are subject to frequent deformation should withstand 

repeated mechanical loadings and it is desired that their initial structures are retained or 

recovered. Therefore, it becomes critical to predict the mechanical properties of polymer 

nanocomposites under large deformation. Structural recovery or reformation after long 

deformation times adequately determines the potential applications of reinforced 

materials. The mechanisms for the origin of reinforcement in nanocomposites have been 

evaluated in terms of the state of particle agglomeration (connected particle network)24,25 

and the strength of particle-polymer interactions26,27. The latter effect has been proposed 

to be due to the immobilization of chains around nanoparticles28,29 or due to the trapped 

entanglements30 as in attractive particle-polymer composites. In the case of polymer 

bridging between the particles, the polymer conformation has been suggested to be an 

additional factor to the mechanical behavior in attractive particle-polymer networks 

where particles and polymer share a wetting interface31. Resolving these contributions of 

particle network, polymer bridging between particles and the percolated glassy layers to 

the mechanical properties has been challenging. To this end, non-linear viscoelastic 

properties of composites are pertained intrinsically to the polymer matrix and are shown 

to enhance with the addition of fillers25. Another study of non-linear behavior of filled 

elastomers shows that elastic moduli do not change with the applied large strain but 

modifies the lifetimes of glassy bridges32. The non-linearity in the elastic stress was 

explained by the distribution of relaxation times of the percolated glassy layers32. Our 

work focuses on a repulsive composite system where glassy layers do not exist around 
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the fillers. We aim to explain the origins of non-linear contributions to the elastic stress in 

terms of particle structures and deformation recovery. In summary, the role of polymer 

bridging and trapped entanglements between nanoparticles in the reinforcement 

mechanism is well accepted, however previous mechanical studies are limited to 

observing the polymer contribution to the overall stress response25,28,29,32. Therefore, it is 

essential that rheological data should be discussed along with the structural changes 

under shear, but more importantly the elastic term of the stress has to be addressed for the 

polymer and particle parts to unequivocally distinguish their contributions as the 

elasticity of polymer chains and stiff materials are well known.  

In this work, dynamic response from large-amplitude oscillatory shear (LAOS) 

experiments is discussed with the changes in particle dispersion to provide a complete 

physical picture of the mechanical deformation in polymer nanocomposites. LAOS 

experiments have been applied on microstructural systems in previous works on 

copolymer solutions and gels. For example, sol-gel transition of PEO-PPO-PEO triblock 

copolymer solutions is studied in LAOS experiments as they go through microstructural 

changes33. Likewise, the LAOS response of gluten gels was shown to be in agreement 

with the formation of molecular structures34. LAOS has also been a useful method to 

observe different relaxations of linear and comb polymer melts35. Recent improvements 

on the rheometers (ARES-G2, TA Instruments) for non-linear rheology capabilities as 

well as mathematical analysis to separate the elastic and viscous component of the total 

stress allowed us to resolve the non-linearities at large strains36,37. 



10 

 

 

We deformed the PS-Si nanocomposites (repulsive system where particles and 

polymer dislike each other) with large periodic strains and analyzed the elastic stress-

strain data to explain the contributions of polymer and particle to the total stress for a 

wide range of strain. A mechanical model is developed based on a non-linear elastic 

model for polymeric and particle networks to describe the rich non-linearities. As the 

structure evolved during the rest time of LAOS, TEM images obtained for different states 

of deformation and the moduli of the corresponding states allowed us to attribute the 

mechanical non-linearities to the polymer composite under tension.  

2.2. Experimental Section 

2.2.1. Composite preparation 

Colloidal silica nanoparticles (13 2 nm in size) of Nissan Chemicals were mixed 

with poly (styrene) (52.5 kg/mol, D: 1.03) in 1,2 dichlorobenzene to prepare composites 

containing 2, 7, 15 wt% particle loadings. The solution was first bath-sonicated for 30 

min, stirred rigorously for 2 h and then bath-sonicated for another 30 min. The 

evaporation of the solvent was completed at -38 cm-Hg gauge pressure in approximately 

1.5 h and then the oven was set to full vacuum (-76 cm-Hg, gauge) state. The final 

samples with ~250 µm thickness were annealed at 130 oC for 4 days, at 150 oC for 3 days 

and finally at 180 oC for 2 h under vacuum.  

2.2.2. Structural Characterization 

 Nanocomposite bulk films were microtomed at room temperature and dispersion 

of nanoparticles was examined in transmission electron microscope (Philips CM20 FEG 

TEM/STEM) operated at 200 keV. 
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2.2.3. Rheology 

Rheology measurements were performed on a strain-controlled ARES-G2 

rheometer (TA Instruments) equipped with 8-mm diameter parallel plates geometry under 

nitrogen. The samples annealed according to above procedure were molded with a 

vacuum assisted compression molder at 150 oC for 10 min. The samples were finally 

annealed at 130 oC for 12 h. The measurements were performed at 170 oC following 

sample equilibration time of 10 min. Time sweep experiments during this period 

confirmed the sample stability. The large amplitude oscillatory shear (LAOS) tests were 

performed at a fixed angular frequency of 1 rad/s. The time dependence of the modulus 

was determined by fixing the strain amplitude at 500% and allowing the samples rested 

for increasing periods of waiting times (5-2000 sec) between 20 cycles of large 

deformation. Data were collected at a sampling frequency of 300 Hz, giving 1885 points 

per cycle. After completing each test, the samples were cooled below Tg in one minute. 

The gap was adjusted so that the normal force never exceeds +/- 1N. This prevented 

deformation of the sample during the cooling step. 

2.3. Results and Discussion 

Particle dispersion in all composites prior to rheology measurements was 

characterized in TEM.  Figure 2.1 shows that nanocomposite at 2 wt% loading present 

string-like structures and further increase of the concentration to 7 and 15wt% results in 

percolated aggregates. The polymer and nanoparticles share a repulsive interphase; 

resulting a diffusion-limited nanoparticle aggregates commonly observed for this system 
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38. The branching aggregates; however, well distributed in the polymer, thus allows 

comparison of different particle loadings. 

 

 

Figure 2. 1. Cartoons presenting components and the TEM images of the resulting PS 

composites containing 2, 7 and 15 wt% nanoparticles at different magnifications.faigo 

We conducted linear viscoelastic measurements on PS homopolymer to estimate 

the reptation time rep) and diffusion coefficient (Drep) of PS chains. The frequency 

sweep data obtained at 170 oC is shown in Figure 2.2a.The entanglement (plateau) 

modulus (GNe

to be ~4000 Pa.s from *) as shown 

in Figure 2.2b. The reptation time is related to GNe 
2/12) 
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rep GNe rep is calculated to be ~0.02 sec at 170 oC. The storage moduli and loss 

angle in the linear viscoelastic region for homopolymer and composites at 170 0C is 

shown in Figure A1.2.  

 

Figure 2. 2. Linear viscoelastic properties of the PS homopolymer. (a) Time-temperature 

superposition of the storage and loss moduli for PS with reference temperature of 170 oC. 

Vertical line represents the frequency used in this study. (b) Complex viscosity as a 

function of frequency. 

We strained the samples periodically in the non-linear region and observed the 

resulting mechanical response. When a periodic strain, (t)= 0sin( t), is imposed to a 

sample with angular frequency, , and strain amplitude, 0, the sample is strained in the 

forward direction from zero to the maximum strain ( 0) in a quarter of the oscillation 

period, /2 . In the following quarter cycle the strain is decreased to zero. This motion is 

then repeated in the same manner but in the opposite direction and the cycle is completed 

at one oscillation period. Thus, choosing the strain amplitude greater than the linear 
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viscoelastic limit, each deformation cycle allows transition of sample from small strain 

(linear) to large strain (non-linear) response.   

As the samples are sheared at large-strain amplitudes, the energy stored by the 

stiff particle network is overcome by the external work imposed by the deformation and 

the chains stretching back and forth during periodic loadings may contribute to the 

rupture of the network. This continuous deformation is responsible for initial cycle-to-

cycle strain softening (see Figure A1.1) which is not observed for homopolymer. Thus, 

the initial few cycles contain particle structural information from the previous state and 

we analyzed our data from the averaged stress-strain response from the initial first four 

cycles (see Appendix 1 and Figure A1.1). We applied 20 cycles of sinusoidal strains 

(t)= 0sin( t), with 0=5 at a fixed frequency of =1 rad/s, which was necessary to reach 

steady stress response for any composition. The frequency was chosen to be 1 rad/s 

at that frequency and temperature (see Figure 2.2a), which facilitates shearing without 

giving rise to instabilities such as edge fracture, wall-slip or crazing (see Appendix 1). 

While the viscous component is higher than the elastic component at these conditions, the 

decomposition32,36,39 of the total stress allows us to separate the elastic component as a 

function of resting time and concentration (see Appendix 1 for non-linear deformation 

analysis). Because the deformation of stiff particle network and flexible polymer chains 

can contribute at different strain levels, it is important to choose strain amplitude high 

enough to observe both contributions in a cycle of deformation. Figure 2.3 shows the 
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elastic stress-strain behavior of the homopolymer and 15 wt% loading at different strain 

amplitudes. 

 

 

Figure 2.3. Normalized stress-strain curves of homopolymer (dashed lines) and 

nanocomposite with 15 wt.% compositions (solid lines) at 150% (black curves), 300% 

(green curves) and 500% (red curves) strain amplitudes. The measurements are done at 

170 oC and 1 rad/sec. 

The homopolymer behaves linearly at 150% while strain hardening is observed at 

the largest strains when the strain amplitude is chosen to be 300% or 500%. The 

composite, on the other hand, shows non-linear strain softening at intermediate strains, 

which gets wider and exhibits clear yield-like behavior at 500% strain amplitude. The 

deformation pattern at this strain amplitude reveals three different regions for the 
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nanocomposite as a function of strain; while homopolymer only gets harden at large 

strains without showing a yielding behavior. Thus, the strain amplitude of 5 was large 

enough to observe the evolution of these different deformation regimes which will be 

discussed in the following section.  

The elastic stress-strain behavior of the homopolymer and composites are 

presented in Figure 2.4a. In order to compare composites with different particle loadings, 

we normalized the stress values with their corresponding maximum stress ( max). The 

results suggest that the stress response can be divided into three regions: At small strains 

(region i), the elastic stress rises linearly and the slope of the curves monotonically 

increases with particle concentration. This region is followed by yield-like behavior for 

 increasing. The yield strain, which 

we calculated from the maximum curvature on the stress-strain curve following the linear 

elastic region40 (i.e. |d2 /d 2|=max), was determined to be 1.60 and nearly the same for 

each concentration. The yield stresses (Figure 2.4a) of the composites show similar linear 

trend with the maximum stress attained in a cycle. At 15 wt% loading, highly percolated 

structures (see Figure 2.1) create higher energy barrier for flow to occur. The elastic 

energy that is stored by means of particle network increases with the particle 

concentration, reaches to a plateau and the sample yields due to network breaking. The 

yielding persists over a wide range of strain since the stronger junctions require more 

energy to break. The specific elastic energy (energy per unit volume) to break the particle 

network can be estimated by E = 1/2 ( yield . yield), which is the area under the stress-

strain curves in the region (i). It is seen that the elastic energy increases with particle 
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loading at constant yield strain. Since the aggregates at different concentrations have 

similar fractal-like nature, the strength of particle networks increases with the particle 

concentration which in turn gives rise to linear dependence of the yield stress while the 

yield strain becomes unchanged. The breaking of the network continues at strains 

between 1.6 and 3.6, where both the particles and polymer contribute to the deformation 

in this regime. As the strain goes beyond 3.6 the polymer gets more stiffen probably due 

to finite extensibility of the polymer chains41. The slope of the curve in this region does 

not significantly change with particle concentration, therefore deformation at this strain 

may be attributed to the chain extension. The schematic representation of the three 

regions is shown in Figure 2.4b. The area under the normalized stress-strain curve and 

maximum stress determines the total elastic stress stored per volume in a quarter cycle. 

Thus, the particle-network both increases the strength and stored elastic energy.   
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Figure 2. 4. (a) Normalized stress-strain behavior of homopolymer, 2, 7 and 15 wt% 

nanocomposites shows the behavior of the samples at small strain; yielding and strain 

hardening at large strains. Maximum stress (at =5), yield stress and stored elastic energy 

are shown as a function of particle concentration. (b) Schematic representation of 

deformation stages of a repulsive nanocomposite having weak interactions between 

polymer and fillers. 

Because particles and polymer govern the deformation at small and large strain 

levels, respectively, we developed a non-linear deformation model that explains the 

elastic stress-strain behavior at a wide range of strain. Figure 2.5a presents the 

mechanical analog of the model which consists of a non-linear part
n) 

with strain softening parameter, n, that is attached to a friction element (with critical 

(a)

(b)(b)

(a)
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stress y, y) in parallel with a Gaussian coil. At strains smaller than the 

critical strain, only the elastic spring responses to deformation and gives rise to the initial 

stress build-up. Beyond the critical strain, the friction element starts moving with a 

constant y, while the Gaussian coil is stretched. At large deformation (above 3.6 

strain) the polymer coil is highly stretched, the chain presumably deviates from Gaussian 

statistics and final hardening is observed. Elasticity of a single polymer chain in 

biological systems and gels and polymeric networks has been well studied both 

theoretically and experimentally41,42,43; however, stretching of polymer chains in melt has 

not been directly captured from rheology experiments due to the presence of viscous 

contributions to the measured stress. Since we separated the elastic component of the 

stress at high strains, the non-linear shear deformation theory for polymer networks44 

may apply in our case and the stress response of polymer coil can be expressed as:

 
2

1
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IGp o l , where Gpol is the shear modulus of the polymer, 

I1( )=( 2+3) is the first invariant for shear deformation and  is the chain elongation ratio 

and defined as the ratio of mean square of the end-to-end distance of an unperturbed 

chain to the square of end-to-end distance of the fully extended chain44 ( = <R0
2>/Rmax

2). 

The overall stress functions can be expressed at different strain limits as: 

0
21    ,)

3

)(
1(21

3

)(

0   ,

y
yypol

y
n

par t

C
IG

G

 



20 

 

 

Constant C is used to ensure the continuity of the stress at the yield point and is 

equal to the constant yield stress generated by the friction element (C = y = Gpart y
n). 

Elastic stress-strain curves for homopolymer and composites and the corresponding 

model fits are shown in Figures 2.5b and 2.5c. Note that for homopolymer, the particle 

contribution does not exist. We used y=1.6 for all the compositions as determined from 

the curvature of the stress-strain data. The strain softening parameter (n) is found to be 

0.84 ± 0.035, nearly constant for all the composites. Stiffness of the polymer chains (Gpol) 

is found to be increasing with particle concentration and reaches a plateau after 7% 

loading. In addition, extension ratio ( ) of homopolymer increases from 0.06 to 0.1 with 

the addition of fillers, which is in agreement with the reported values of polymer 

networks44. Increase in  suggests that chains in composites are less stretched than 

homopolymer. Although the slopes are discontinuous at the critical strain, this model 

properly relates the macroscopic behavior to the microscopic theoretical models. Similar 

models exist in the literature to describe non-linear elastic behavior of the flexible gels 

and biological networks44,45,46,47.  For example, the spider silk presents very similar non-

linear elastic behavior in which nodes act as sacrificial elements and material presents 

yield-like behavior after initial linear increase. The silk presents stiffening at the largest 

strains due to finite extensibility of the initially coil-like polymers. The atomistically 

derived non-linear model was utilized where stiffening behavior is captured with a simple 

exponential function. The model presented here is based on well-known non-linear 

deformation theory of polymer chains and networks44,48 and it is demonstrated here for 

the first time that the LAOS experiments can capture the single chain deformation. 
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Figure 2.5. (a) Mechanical model for the elastic stress strain curves for different 

compositions. A power la  = Gpart
n) with strain softening parameter, n, is 

combined y, y) and a 

Gaussian coil. At strains smaller than the critical strain, only the elastic spring responses. 

Beyond the critical strain, the friction element freely moves with a constan y 

while the Gaussian coil is stretched. (b) The elastic stress-strain curves for homopolymer 

and composites with model fits. (c) The fitting parameters, Gpart, Gpol  as a function 

of particle loading. 

In order to further elucidate the particle and polymer contributions to the elastic 

stress, we designed the experimental protocol as schematically shown in Figure 2.6a. We 
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applied 20 cycles of deformation with the same parameters ( 0 = 5,  = 1 rad/sec) in each 

deformation step. Between those steps, the samples are allowed to rest for certain times, 

increasing from 5 to 2000 seconds. The samples are rested for time periods larger than 

the relaxation time of polymer (~0.02 sec). This allows relating the change in mechanical 

behavior to the particle structural evolution but not to the 

time.  The stress-strain response from the initial few cycles of each deformation step thus 

represents the behavior of the structure attained in the preceding rest time. Figure 2.6b 

shows the stress-strain behavior of homopolymer and composites at initial, after 10 sec 

and 2000 sec resting. The yield behavior at the initial stage disappears in the intermediate 

stage (10 sec) and reappears after resting 2000 sec while the behavior of homopolymer 

presents the same non-linear behavior at any stage. With measurements following 10 sec 

resting time (shown in red marks in Figure 2.6

mechanical properties of the deformed structures since structures cannot evolve in 10 sec. 

Note that the particle diffusion distance, x ~ (Dt)0.5 is calculated as ~1 nm in 10 sec (with 

D~8 nm2/sec, in Appendix 1). It is interesting to note that the stress data collected on 

deformed composites after 10 sec waiting do not yield as in homopolymer. After 

measuring the stress response on samples deformed and aged at different times, next we 

look into the structures in TEM. Figure 2.7b shows strong segregation of particles from 

the deformed polymer and waited for 10 sec. This allows us to conclude that yielding, 

which is a result of particles restructuring, appears at small strains. After waiting 2000 

sec following the deformation cycle, stress reaches to the initial stress values of 

composites, which is also depicted in TEM images. SAXS patterns corresponding to 
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these different states of deformation also confirm that the structure is mostly recovered 

after long time resting. Particle structure at the deformed state is rather different and 

anisotropic due to possible shear induced ordered structures form in addition to large 

segregated regions. 

 

Figure 2. 6. (a) Schematic representation of the experimental timeline: 20 cycles of large 

periodic deformations with strain amplitude of 500% and frequency of 1 rad/sec in each 

deformation step. Samples were allowed to rest at certain time periods (5, 10, 25, 50, 100, 

300, 900 and 2000 sec) between each deformation steps. (b) Stress-strain curves for 

homopolymer, 7 and 15 wt% compositions at different rest times: deformed (after 10 sec 

waiting), final (after 2000 sec waiting). 

We then calculated the moduli at small (<1.6) and large (>3.6) strains and 

compared their evolution as a function of resting time in Figure 2.7a. It is seen that the 
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large strain modulus ( 0 0( ) ) has a weak dependence on waiting time as it is mainly 

controlled by matrix polymer. However, modulus at small strain, 
0

lim( )d d , decreases 

after short waiting times particularly for 15% composite and gets close to the initial value 

with aging at longer times. This behavior is in-line with the particle structuring at 

different waiting times as discussed in previous section. At longer resting times, large 

clusters break leading to an increase in small-strain modulus and yielding reemerges. 

Here, we comment on the size of our particles and polymer tube length. Our particles of 

13 nm in size are larger than the tube length of 52 kDa PS (~ 8.5 nm). In a previous work, 

Rubinstein49 suggested that at times longer than the relaxation time of polymer, particles 

larger than the tube diameter experience ordinary diffusion determined by the bulk 

viscosity of the melt. In our experiments, the reptation time was 0.02 sec, which is much 

shorter than the resting times. Thus, particles diffuse during long waiting times of 2000 

sec. Since the rest times are longer than the reptation time of polystyrene at any 

molecular weight, similar aggregation and redispersion of particles remain valid for the 

same size of particles. 2-D SAXS patterns for composites at different deformation stages 

are displayed in Figure 2.7b. Particles present some anisotropy in the scattering ring 

indicating some distortion on the particle aggregation, which is recovered after 2000 sec. 
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Figure 2. 7. (a) Moduli calculated at small (open symbols) and large (filled symbols) 

strains as a function of rest time. (b) TEM images obtained at initial (A); deformed (10 

sec resting) (B); and final (2000 sec resting) (C) stages depict the network breaking and 

phase segregation in the intermediate stages and following re-dispersion of particles at 

longer times. 2D SAXS patterns at undeformed, 10 sec and 2000 sec resting states are 

shown for 7 wt%. 
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Figure 2. 8. TEM images and corresponding 2D SAXS patterns of 25 wt% sample before 

and after large deformation showing flow induced anasitropic aligned structure. The scale 

bars are 500 nm. 

The anisotropy is more apparent at larger particle concentrations. We prepared additional 

composite with 25 wt% particles that clearly shows that aggregates are broken under 

LAOS and the initial branches of aggregates combine to form well-aligned and uniform 

structure (Figure 2.8). 2D SAXS detector data present a distorted shape confirming 

highly anisotropic flow induced structures from bare particles.   
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2.4. Relationship to Large Amplitude Oscillatory Shear (LAOS) fingerprinting 

methods: Evolution of higher order harmonics and coefficients of Chebyshev 

polymonials 

Non-linear elastic response of a model repulsive polymer nanocomposite system, 

PS-SiO2, is investigated using Fourier Transform Rheology (FTR) methodology50 and 

non-linearities are related to inherent material properties to delineate the role of particle 

agglomeration in this process.  

It is shown that polymer nanocomposite with minimal enthalpic interactions 

between fillers and host matrix presents non-equilibrium states of dispersion under LAOS 

fields51. In standard steady-shear experiments, overshoot in stress with the strain implies 

common solid-like behavior of the reinforced composites52,53,54. However, such 

measurements only reveal the percolation and structural breakdown of percolated fillers. 

In LAOS, particle rearrangement influences both viscous and elastic stress components. 

FTR expresses the total non-linear stress response to sinusoidal excitation as a sum of 

infinite set of sine and cosine functions with odd integer multiples of the fundamental 

frequency ' "
0 0, ; sin( ) cos( )n n

n odd

t G n t G n t

 
with '

nG  being the moduli at 

nth harmonic. The relative intensity of the higher harmonics with respect to fundamental 

frequency, 1nI I , has been used to relate the non-linear

properties55,56,57,58, e.g. an intrinsic property 
0

2
0 3 1 0

0
limQ I I

 
has been defined for 

polymer melts and is shown to be qualitatively sensitive to the chain topology59. Cho et 

al. 60 decomposed the total stress into its elastic e   and viscous v   components by 
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using geometric arguments. Ewoldt et al.61 further utilized the orthonormal 

decomposition of the elastic and viscous stresses with the Chebyshev polynomials of the 

first kind as 0 0x, ; ( , ) ( )e n n
n odd

e T x   where Tn is the nth order polynomial and 

en is the corresponding elastic coefficient and 0x . First five odd polynomials are 

plotted within the first quadrant in Figure 2.8. As seen 1e  represents the average stored 

energy per unit volume within an oscillation cycle and equals to '
1G  while 3e  represents 

the deviations from average response at large strains. The positive e3 represents strain 

stiffening and negative 3e  indicates softening within an oscillation cycle. Despite 

mathematical robustness of both models, physical interpretation of the higher harmonics 

is still not well understood. While Rogers et al.62,63 analyzed the non-linear stress 

response and interpreted the individual harmonics as a sequence of physical processes in 

colloidal glasses (such as linear stress increase, yielding, flow and reformation), we focus 

on Chebyshev polynomial analysis. In this section, we aim to relate the rich non-

linearities that we explained by the mechanical model to the mathematically robust non-

linear analysis. Here, we considered PS homopolymers of three molecular weights (15 

kg/mol - D: 1.06, 50 kg/mol - D: 1.03, 124 kg/mol - D: 1.28) and the composites with 2 

and 7 and 15 wt% fillers analyzed in the previous sections. LAOS measurements on PS 

homopolymers were performed at 150  0.05oC under nitrogen environment in a strain-

controlled rheometer (ARES-G2, TA Instruments) using a parallel plate geometry and at 

=1 rad/sec. 48 cycles of deformation with 0  = 1 and 4 were applied to the samples and 

data is collected at the sampling frequency of 300 Hz. The stress response averaged from 
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the last 7 cycles (in the steady state) was decomposed into its elastic and viscous 

components60 and analyzed in Fourier-Chebyshev framework61. Sample preparation for 

composites and their deformation protocol consisting of oscillating cycles and resting 

times were described in the previous section.  

 

Figure 2. 9. The first ( 1T ), third ( 3T ) and fifth ( 5T ) order bases of Chebyshev 

polynomials of the 1st kind. x represents the normalized strain, 0( )t .  

First, we discuss the deformation of homopolymers. Figure 2.9a shows the 

normalized stress-strain curves for different molecular weights of homopolymer strained 

at 0 =2. It is clear that chain length has a pronounced effect on strain-stiffening observed 

at large strains. Stretching of a Gaussian coil is mainly entropic at small strains and it 

reaches a limit as the chain is extended to its finite length. We fit the stress-strain data to 
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non-linear stress function 
2

1( )( 3) 1 2 1 3pol
IG

 

developed for polymer 

networks where polG  (shear modulus of polymer) and   (chain elongation ratio) are the 

fitting parameters and 2
1( ) 3I  is the first invariant for the shear deformation64. The 

Chebyshev polynomial fittings to the same elastic stress-strain response provided elastic 

constants, 1e  and 3e . Figure 2.9b presents the first harmonic material functions scale with 

molecular weight as ' 3
1 1 we G M , representing the average elasticity of the materials. 

The deviation in non-linearities of the 15 kg/mol polymer rises as it is much lower than 

the critical entanglement molecular weight of PS (32 kg/mole)65.  is defined as 

2 2
0 maxR R  where 2

0R  is the mean square end-to-end distance of an 

unperturbed chain and maxR  is the length of the fully stretched chain. Since 2 2
0R bN  

and maxR bN  , the non-linear parameter  is inversely proportional to contour length 

(i.e. 1 1
nN M ) as shown experimentally in Figure 2.9c. This scaling seems to be 

valid for a range of strain amplitudes which implies that  is an intrinsic material 

property. The molecular weight dependences of non-linearities in the experimental data, 

i.e. variation in , and non-linear Chebyshev fittings scale as 2
3 1e e . Thus, our 

analysis suggests that magnitude of the third order harmonic relative to the fundamental 

harmonic may be related to the finite extensibility of polymer chains.  
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Figure 2. 10. (a) Normalized stress-strain curves for PS homopolymers of different 

molecular weights and corresponding Chebyshev polynomial fits with the first and third 

order basis. (b) The first order Chebyshev coefficient and polG  determined from the 
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mechanical model present molecular weight dependence (~Mw
3).  (c) Chain extension 

ratio ( ) and non-linearities as a function of inverse molecular weight for 15, 50 and 124 

kg/mol PS homopolymers obtained at 0 = 2.  

                   Extension ratio is inversely proportional to molecular weight (~ 1
wM ) as 

predicted by its definition. Magnitude of the third order Chebyshev coefficient relative to 

the first order coefficient presents inverse quadratic dependence on molecular weight (~

2
wM ). Next, we analyzed the effect of nanoparticles on non-linearities in polymer 

nanocomposites. We notice in Figure 2.10 that 1e  and 3e  (Chebyshev coefficients of 

elastic non-linearities for the first and third order harmonics) are not sufficient to describe 

the behavior of composites as opposed to homopolymer where the third harmonic 

sufficiently describe the non-linearities. When e5 is included, the initial and yield stresses 

are successfully captured. Figure 2.11a shows that the average elastic modulus ( '
1G ) 

linearly increases with particle loading. The magnitude of 3 1e e  decreases in the presence 

of particles (Figure 2.11b). In contrast, the magnitude of 5 3e e increases monotonically 

with particle loading and 5e  leads to non-linearities. This result in conjunction with the 

mechanical model suggests that the appearance of 5e  (thus '
5G in FTR) is due to 

percolated network of nanoparticles and can be related to the particle-particle interactions 

in polymer repulsive nanocomposites. 



33 

 

 

 

Figure 2. 11. Elastic stress-strain data of nanocomposites and PS homopolymer (50 

kg/mol) at different particle loadings of 2, 7 and 15 wt%. The dashed lines represent the 

fittings consisting of the high-order harmonics at n  = 1 and 3 (green line) and n = 1, 3 

and 5 (red line). 
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Figure 2. 12. (a) Average elastic modulus monotonically increases with particle wt%. (b) 

3 1e e decreases with particle content indicating decrease in chain elongation ratio in 

composites. (c) The fifth order measure relative to the third order coefficient increases 

with particle wt%.  



35 

 

 

The yield strain may also be predicted from the Chebyshev fittings. An accurate 

definition of the yield strain is the strain at which the stress curve has maximum 

curvature40 2 2/ =max and 
5

3 3 3 3
0 0( ; , ) ( , ) ( ) 0

y y
e n n

n odd

x e T x  

.The yield strain becomes 3 51 2 10 2y e e  . The predicted yield strain (1.55 0.3) is 

found to be very close to the experimental value (1.6), thus e5/e3 ratio can be used to 

estimate the yield strain. We note that when 3 5 5e e , y  the prediction is not physically 

meaningful! 

Figure 2.12 shows the evolution of 3 1e e  and 5 1e e  as a function of waiting time. 

A decrease of 5 1e e  is denoted to the clustering of particles, mostly occurring at resting 

in which the chain extension appears prominent with the increase in 3 1e e  during this 

clustering. Upon further deformation and resting, particle originated non-linearities 

reappear and initial structures are recovered. Thus, the magnitude of 5e  (or '
5G ) may be a 

useful tool to measure of dispersion quality in nanocomposites. 
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Figure 2. 13. Evolution of 3e  and 5e  relative to 1e  as a function of resting time. TEM 

micrographs show dispersion of nanoparticles at initial, 10 sec and 2000 sec resting 

following deformation. 
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2.5. Chapter Conclusions 

In summary, we have reported the elastic stress contributions from particle and 

polymer components of silica filled PS composites in large-amplitude oscillatory 

measurements. We show that stress response at small strains is the result of percolated 

particle network whereas large strain behavior is determined by the polymer extension. 

By examining the structures of composites at different deformation states, we have 

shown that the reformation of initial structures is driven by the particles diffusing in 

liquid polymer during rest times. We have suggested a mechanistic analog for the 

deformation mechanism and demonstrated that the elastic stress-strain response of 

nanocomposites is in good agreement with the non-linear deformation theory for the 

polymer that is coupled with the power law expression corresponding to the particles

deformation. Through LAOS and TEM experiment results, we conclude that when a 

nanocomposite is deformed at large strains, polymer chains are highly stretched around 

nanoparticles, and composites strain-harden as analogous to polymeric networks under 

deformation. The non-linear mechanical results presented here for a repulsive composite 

system showcase the importance of filler-polymer interactions and filler dispersion on the 

elastic response of reinforced nanocomposites. In addition, we compared our mechanistic 

model and LAOS fingerprinting methods. LAOS experiment protocols presented here 

can be applied to other composite systems such as grafted polymers and attractive 

composites to separate the mechanical differences between bound layer existing systems 

and polymer-grafted nanoparticles. We conjecture that the deformation of grafted and 

matrix homopolymers can both contribute to the elastic stress while deformation of 
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bound homopolymer around particles will be rather different and possibly require more 

complicated modeling which will be the focus of future studies. 
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CHAPTER 3 

AN INTERPHASE DRIVEN STIFFENING MECHANISM IN POLYMER 

NANOCOMPOSITES2  

Chapter Summary 

Dynamic mechanical response in responsive and adaptive composites can be 

achieved through a responsive polymer; with the chemical regulators affecting the 

bonding between fillers, or through reversible covalent bonding. Tuning the interphases 

between fillers and polymer matrix can play a critical role in all these systems to enhance 

their adaptive responses. Here, we present that the bonding-debonding of chains on 

nanoparticles can be modulated under extensive periodic strains. Mechanical response of 

an attractive model polymer composite, PMMA filled with silica nanoparticles, is 

monitored in a series of deformation-resting experiments allowing us to tune the 

interfacial strength of polymer. Chains that are desorbed from the surface with the 

oscillatory shear entangle with the free chains during the rest time. We show that a 

periodic deformation process results in unusual stiffening of composites. Mechanical 

response during the recovery reveals this behavior arising from the enhancement in the 

entanglement of chains at interphases. The interfacial hardening can be used in designing 

polymer composites with stress-sensitive interphases to achieve new repair mechanisms 

for biomedical applications, and also in energy absorbing reinforced systems.  

                                                 

2 Reproduced with permission from [Senses, E., & Akcora, P. (2013). An interface-driven stiffening 
mechanism in polymer nanocomposites. Macromolecules, 46(5), 1868-1874.] Copyright [2013] American 
Chemical Society 
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3.1. Introduction 

Use of inorganic blocks in polymer matrices has been an efficient method for 

nature to render strength and response mechanisms of hybrid materials66,67,68,69,70,71,72. 

The structure and mechanical behavior of biological materials has been extensively 

studied, however, it still remains a challenge to mimic their structures and response 

mechanisms. In biominerals and biomimetic systems, the organic matrix plays an 

important role as its interaction with the inorganic component determines its 

functioning73,74. For example, the collagen fibrils of bone are held by an organic matrix 

and the bone stiffens through calcium-mediated sacrificial bonds75,76. Upon stretching the 

matrix chains, bonds between matrix and collagen fibrils break but can reform when 

relaxed. The possibility of designing adaptive materials in a similar way as nature, has 

generated wide interest in responsive nanocomposites for diverse applications such as 

drug delivery, biosensors, and microelectromechanical systems66,77. Photo,78 

temperature79, pH66, and chemo responsive polymers80 regulate their mechanical 

properties with different mechanisms; all in which nanoscale interactions play a key role 

in their polymer networks, mesophases, or composites. The chemo-responsive 

mechanical adaptability of a sea cucumber skin71 is one example of how chemical 

regulators can be effective when the nanofibers interact through strong hydrogen bonds. 

Inspired by the nanoscale interactions in natural composites, we focus on a synthetic 

polymer composite having attractive interactions between its polymer matrix and 

inorganic fillers to explore the role of the interfacial layer on their mechanical response.     
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The dynamics of interfacial and confined polymers in composites with attractive 

particle-polymer interactions is explored in various simulations and experimental 

studies81,82,17. The enthalpy gained with the favorable monomer-surface interaction is 

balanced by the decrease in entropy of the chain, resulting in the formation of an 

adsorbed polymer layer in tails and a low fraction of loops and trains on the surfaces83. 

Moreover, adsorption of polymer chains adjacent to an attractive surface leads to an 

increases in glass transition temperature; which also reveals the dynamic heterogeneities 

in polymer relaxation84,85,13. The interaction of the adsorbed polymer with the free matrix 

chains can potentially change the mechanical behavior of composites. Correspondingly, 

such attractive systems can present unusual mechanical responses if the entanglement 

density of the interfacial layer is altered. Riggleman et al.86 have hypothesized in their 

simulation work that a distinct mechanical response at large deformation is possible for a 

system with strong particle-polymer interactions. Here, we present the stiffening of such 

composites with attractive polymer-particle interactions under deformation 

experimentally and elaborate on the mechanism of the process which occurs through 

reversible adsorption-desorption of chains. Our results delineate the role of entanglement 

density on response dynamics. The observed behavior is clearly different than strain-

stiffening of polymeric and biological networks under dynamic stresses87,88. Moreover, 

adsorption of polymer chains on attractive surfaces can be enhanced when their 

molecular conformation is affected through interactions with the surface. We examine the 

elastic properties of polymer composites under various deformation conditions and 

demonstrate that polymers having attractive interfacial interactions with their fillers can 
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strengthen after shear. This behavior, which is manifested only after large strains and for 

well-defined interfacial distances, offers tunable reinforcement properties to polymer 

nanocomposites, implying that the composite can stiffen as needed.  

3.2. Experimental Section 

3.2.1. Sample preparation 

PMMA of 36 kg/mole, synthesized by ATRP method, is mixed with colloidal 

silica nanoparticles (supplied by Nissan Chemicals) in 1,2-Dichlorobenzene by bath 

sonication for 30 min and then stirred rigorously for 2 h. After sonication for an 

additional 30 min, the solution was immediately poured into a glass dish placed in an 

oven preheated at 130 oC. The evaporation of the solvent was completed under -38 cm-

Hg gauge pressure in approximately 1 h and the final ~250 µm films were annealed at 

130 oC for 4 days and at 150 oC for 3 days under vacuum. We further annealed the films 

at 180 oC for 2 h under vacuum to ensure complete removal of the solvent.  

3.2.2. Structural Characterization 

 The particle structures in bulk films were determined using TEM microscopy 

(Philips CM20 FEG TEM/STEM) on as-prepared samples. SAXS patterns of samples 

were obtained at beamline X27C at the National Synchrotron Light Source of 

Brookhaven National Laboratory. The air-background subtracted data were fit to the 

Beaucage unified equation; 
3

2 2 ( ( / 6))
exp( / 3) [ ] igi p

i gi i
i

erf qR
I q G q R B

q  
, where 

Rg is the radius of gyration, p is the fractal dimension of the scattering objects, and Gi, 
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and Bi are constants for ith structural level. For our samples, only one level fit was 

sufficient to describe the patterns.  

SANS measurements were performed at the BL-6 (extended q-range SANS) in 

the Spallation Neutron Source at the Oak Ridge National Laboratory (ORNL). 

Hydrogenated PMMA (Mw = 45.4 kg/mole, D: 1.23, SLD: 1.06*10-6 Å-2) was mixed with 

deuterated PMMA (Polymer Source Inc.,Mw = 45 kg/mole, D: 1.10, SLD: 5.18*10-6 Å-2) 

to contrast match with silica (SLD: 3.41*10-6 Å-2). The measurements were performed at 

0.028 Å-1<q< 1.25 Å-1.  

3.2.3. Rheology  

Rheology measurements were performed on a strain-controlled ARES-G2 

rheometer (TA Instruments) equipped with 8-mm diameter parallel plate geometry under 

nitrogen. The samples annealed according to above procedure were molded with a 

vacuum assisted compression molder at 180 oC for 10 min. Samples were finally 

annealed at 130 oC for 12 h. The measurements were performed at 210 oC following 

sample equilibration time of 10 min. Time sweep experiments during this period 

confirmed the sample stability. We additionally performed time sweep experiments for 

longer times (Appendix 2, Figure A2.2) and observed no time dependence. Large 

amplitude oscillatory shear (LAOS) tests were performed at an angular frequency of 1 

rad/sec. Time dependence of the stiffening was determined by fixing the strain amplitude 

at 300% and allowing the sample rested for increasing periods of waiting times (5-2000 

sec) between 20 cycles of large deformation. Time sweep experiments (with small 

strains) allowed monitoring the evolutions of the modulus during rest times. Strain 
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amplitude dependence was tested by fixing the waiting time at 900 sec between 30 cycles 

of periodic strains and repeating the measurements with different amplitudes (from 50% 

to 500%). Data were collected at a sampling frequency of 300 Hz, giving 1885 points per 

cycle. After completing each test, samples were cooled below Tg in one minute. The gap 

was adjusted so that normal force never exceeds +/- 1N. This prevented deformation of 

the sample during the cooling step. 

3.2.4. Rheology data analysis 

In a typical small amplitude oscillatory shear experiment, a sinusoidal strain,    

(t) = 0sin t, is applied in the linear viscolestic region with strain amplitude ( 0) and 

frequency ( ) and the stress response is measured. Similar to the dynamic viscoelastic 

measurements, a sinusoidal strain is applied in a typical large amplitude oscillatory shear 

test. The stress response to large strains is still periodic but not purely sinusoidal. Thus, 

the elastic and viscous components of the total stress cannot be obtained directly as in the 

case of small periodic deformation. Instead, stress can be decomposed into its purely 

elastic and viscous components by using geometric arguments36. This method utilized the 

idea that elastic stress should exhibit odd-symmetry with respect to sin( t) and even 

symmetry with respect to cos( t) and that the viscous stress should exhibit odd-

symmetry to cos( t) and even symmetry to sin( t). Stress decomposition is performed 

by using MITLaos software39 and the modulus is calculated from the elastic component 

of the total stress. Since the sample is deformed during 20-30 cycles of deformation in 

each step, only the initial few cycles contain the structural information from the previous 

rest time; thus, we analyzed the LAOS response averaged from the stress response 
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between the 2nd and 5th cycles. We specifically were very careful about experimental 

artifact due to sample deformation and rheological instabilities.  

3.2.5. Fourier-Transform Infrared Spectroscopy analysis 

Samples for IR characterization are molded to specific thicknesses using the 

parallel plates of rheometer at 190 oC under nitrogen by applying a constant force of 1N. 

During sample cooling the normal force is kept in the range of ±0.5N, adjusting the gap 

automatically to prevent any thermal strain. Absorption spectra are obtained using a 

Tensor 27 FTIR spectrometer (Bruker Optics) in the range of 400-4000 cm-1 with 60 

scans of 4 cm-1 resolution. 

3.3. Results and Discussion 

3.3.1. Dispersion and Linear Viscoelastic Response  

We chose poly(methyl methacrylate) (PMMA) for our organic matrix because it is 

known that PMMA interacts with the hydroxyl groups on silica surfaces via hydrogen 

bonding14,89. This interaction favors the physical adsorption of the polymer chains to the 

nanoparticle surfaces, allowing us to investigate the stiffening mechanism at the 

interphases. We dispersed spherical silica nanoparticles of two different sizes (13 and 56 

nm in diameter) at various compositions (2-50 wt%) in a PMMA matrix (36 kg/mol, D: 

1.03). Using spherical nanoparticles rather than anisotropic nanoparticles has notable 

advantage as the latter has low percolation threshold where particle network can 

contribute to the overall stress response. Figures 3.1 show the well-dispersion states of all 

compositions for 13 and 56 nm nanoparticles in PMMA homopolymer. SAXS data for 

composites consisting of 13 nm particles (Figure 3.2a) verified that size of particles 
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obtained from the Unified fittings is close to the actual radius of particles (Appendix 2 

Table A2.1). 

 

Figure 3. 1. Transmission electron micrographs of PMMA (36 kg/mol) composites filled 

with (a) 13 nm (b) 56 nm SiO2 nanoparticles. 
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Figure 3. 2. (a) SAXS results for PMMA composites containing 13 nm particles. Lines 

are the 1-level unified fittings to the data. The inset image is a representative 2D SAXS 

pattern for 15% sample. (b) Interparticle distance (ID) as a function of concentration for 

randomly packed spherical SiO2 nanoparticles of different sizes. Marks on curves 

represent sample compositions used in this work.  
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The slope at the Porod region was found to be -4 for all compositions, which further 

confirms that the particles are individually dispersed with sharp interfaces. Figure 3.2b 

represents the face-to-face interparticle distance at various particle loadings calculated 

using ID d max

1/3

exp(ln )2 1
 
where d is the number average particle diameter, 

 is the polydispersity of the particles, and max is the maximum volume packing fraction 

which is 2/  for the randomly distributed particles90. We determined the number average 

particle sizes and polydispersities from Dynamic Light Scattering (DLS) to be 13.1 nm (  

= 1.18) and 56.3 nm (  = 1.17). The size of the polymer (2Rg) is calculated to be 11 nm 

(see Appendix 2 for calculations). By changing the loading amounts of 13 nm particles 

from 2-30 wt%, polymer chains are confined when ID/2Rg<1, whereas with 56 nm 

particles, the chains are not confined since ID/2Rg>>1. In this work, we systematically 

investigated the effect of confinement on the large deformation mechanical response of 

composites presenting individually dispersed nanoparticles.  

 

We first obtained the linear viscoelastic response of the well-dispersed composites at 

210 oC. Figure 3.3a shows the storage moduli ( 'G ) and loss angle for the composites. It is 

seen that the frequency dependence of the moduli is not significantly changed for the 

samples with ID/2Rg>1. Composites with 13 nm particles show significant deviation 

from neat PMMA at 30% loading whereas a similar response is achieved with 56 nm 

particles at 50 wt%. To further quantify the effect of interparticle separation on the 

equilibrium (linear) viscoelastic behavior, we calculated the reinforcement factor at 1 
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rad/sec as the ratio of the elastic modulus of the composites with respect to that of neat 

polymer. Figure 3.3b suggests that similar level of reinforcement is obtained at larger 

ID/2Rg for large particles compared to smaller ones, possibly due to denser adsorbed 

layer form on larger particles avoiding impeding curvature effect on chain adsorption.13 

 

Figure 3. 3. (a) Linear elastic ( 'G ) modulus and loss angle behavior of PMMA (36 

kg/mol) and its composites with 13 and 56 nm silica nanoparticles at different loadings at 

210 oC. (b) Reinforcement factor calculated from linear elastic modulus data at 1 rad/sec 

frequency.  
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3.3.2. Response to Large Amplitude Deformation 

Next, we deformed the samples periodically with a strain amplitude ( (t) = 0sin( t)) , 

greater than the maximum limit of the linear viscoelasticity at 210 oC. In a cycle of 

deformation, the strain is increased from zero to 0 in a certain time range (quarter of the 

oscillation period, /2 ) and decreased to zero at a time equal to half of the period. This 

motion is then repeated in the same manner but in the opposite direction and the cycle is 

completed at one oscillation period. Cycles provide dynamic properties such as moduli 

and viscosity in the non-linear region (see experimental section for details). As the 

samples are sheared at large-strain amplitudes, physical bonds between polymer and 

nanoparticles at the surface can be broken and polymer segments can be desorbed from 

the surface. This continuous deformation of samples results in an initial strain softening 

due to chain desorption. When deformation stops for specified waiting times, polymer 

chains relax and can be readsorbed to the surface.  

To monitor time evolution of this process, we designed an experimental protocol where 

samples are subjected to rest at varying times between deformation cycles. This 

deformation-waiting cycle timelines of our protocol are described in Figure 3.4a. In the 

first experimental set, we applied 20 cycles of sine strains with 0 = 3 and at  = 1 

rad/sec. Between each deformation step, the samples are allowed to rest for certain 

periods of time, increasing from 5 to 2000 sec. Figure 3.4b shows that the storage moduli 

of composites increase with particle loadings with longer waiting times after deformation 

and this behavior is shown to be limited by 22 wt% loading. To highlight the increase in 
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the moduli values with respect to their initial modulus, we present the normalized non-

linear data with resting time in Figure 3.4d.  

 

Figure 3. 4. (a) Diagram of deformation-wait time experiments. 20 cycles of sinusoidal 

strain at 300% amplitude is applied in each deformation with various waiting times (5, 

10, 25, 50, 100, 300, 900 and 2000 sec) at 210 oC. (b) Elastic moduli and (c) loss tangent 
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(tan ) of PMMA homopolymer and composites at 210oC from non-linear deformation 

experiments. (d) Elastic modulus normalized to the initial modulus versus waiting time 

for PMMA homopolymer and PMMA-Si composites with 13 nm particles. (e) Stiffening 

of PMMA-Si composites with 13 nm particles represented as a function of the ratio of the 

diffusion distance to inter-particle distance (x/ID). Lines are guides to the eye. 

The modulus of 30 wt% composite does not change with deformation and resting 

as shown in Figures 3.4b and 3.4d, because free chains cannot interact with the adsorbed 

polymer layer at such small interparticle distances (ID/2Rg<1). This continuous cycle 

enhances both the entanglement of the desorbed chains with the free matrix chains and 

the molecular alignment of the PMMA molecules during resting. The deformation and 

adsorption processes form a dense adsorbed layer, resulting in a strengthening at the 

interface of the adsorbed polymer. Nanocomposites with 56 nm particles showed no 

significant stiffening as they are all above the confinement region (Appendix 2 Figure 

A2.1). Loss tangent (tan ) values of Figure 3.4c clearly displays the deviation from the 

liquid-like behavior and becomes more solid-like with deformation for all the composites 

excluding 30 wt%, while tan  of homopolymer does not change with resting time. 

To validate the argument of strengthening during the waiting times, we calculated the 

diffusion distance of a reptating chain during the resting time ( trest ). Reptation time, 

rep , is calculated from our linear viscoelastic measurements as 0.02 sec at 210 oC (see 

Appendix A2 for details). Diffusion coefficient ( repD ) of a reptating chain can therefore 

be calculated from 2
rep g repD R  as 1512 nm2/s. Thus, the diffusion distance of the 
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reptating chain scales as x ~ (Drep trest)
1/2. The normalized modulus data as a function of 

x/ID for each composition having 13 nm particles falls on the same line (Figure 3.4e), 

indicating that diffusing chains determine the overall stiffening at all particle 

compositions except at 30 wt%. Next, we investigated the effect of strain amplitude on 

the stiffening mechanism. The strain amplitude is a critical parameter for stiffening since 

it determines the energy input to the system. For this purpose, we performed experiments 

at different strain amplitudes while keeping the waiting times fixed at 900 sec (Figure 

3.5a), sufficient time to observe stiffening for 15% and 22% loadings. Samples were 

subjected to 30 deformation cycles at different strain amplitudes ranging from 50 to 

500%. 30 cycles were chosen to ensure that the stress response reaches to steady-state for 

all compositions. For 15 and 22 wt% composites, there is a critical strain amplitude 

around 300% where the plateau modulus is reached (Figure 3.5b). Homopolymer and 7 

wt% composite do not exhibit stiffening over time at any strain amplitude. This suggests 

that the free matrix chains are dominating the response for those samples. We note that 

the loop concentration at the interphase is presumably saturated at the critical strain and 

further interaction of the free chains with the adsorbed layer is limited. We have done 

similar deformation-waiting experiments on a composite system (polystyrene-silica, PS-

Si) where interactions between polymer and particles are repulsive. Contrary to PMMA, 

we observed that a repulsive system strain-soften under cyclic deformations in the 

vicinity of particles (see Chapter 1).  
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Figure 3. 5. (a) Diagram of deformation-strain amplitude experiments for PMMA 

system. 30 cycles of sinusoidal strain are applied in each deformation step. The rest time 

is kept constant at 900 sec. The moduli for different strain amplitudes after 900 sec 

waiting time are normalized with the moduli for 0=0.5. (b) Normalized modulus of 

PMMA composites versus strain amplitude for 0, 7, 15 and 22 wt% particle 

compositions. Small-strain time sweeps during 900 s rest times for (c) homopolymer at 5 
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rad/sec and (d) 15% PMMA composite 1 rad/sec, measured at 210 oC after deformation 

at different strain amplitudes from 50% to 500%..  

Characteristic Lissajous plots and elastic stress-strain curves of attractive PMMA-Si 

and repulsive PS-SiO2 composites at different deformation states are shown in Figure 3.6. 

The elastic stress-strain response revealed a clear yield-like behavior for PS-SiO2 at the 

intermediate strains. TEM images obtained at different stages of the deformation (shown 

in Figure 3.7) suggested that the rupture of particle network results in strain softening 

behavior, contrary to stiffening observed for PMMA-SiO2 system. The sharp increase in 

the stress-strain curves of attractive composites is the result of interfacial strengthening. 

Further, we verify the particle size after deformation in PMMA-Si through small-angle 

neutron scattering (SANS) experiments (Appendix Figure A2.2 and Table A2.2). This 

information leads us to conclude that the stiffening is due to polymer rather than particle 

structuring.  

During 900 sec waiting time, we collected viscoelastic modulus data at small (10%) 

strain amplitude (Figure 3.5c) and observed that the homopolymer recovers its modulus 

to the initial modulus value when it is at rest. Figure 3.5d shows that the stiffening 

behavior appears during the rest time of the 15 wt% composite. Moreover, the initial time 

sweep data (at 50% strain) shows that the modulus remains constant over time. We 

conjecture that deformation leads to self-strengthening of the system as the interphase 

evolves into a dense entangled layer as discussed in the following section. The stiffening 

mechanism, which occurs in a process of deformation followed by resting, was further 

verified by employing an intermediate strain amplitude (150%) on the 22 wt% composite 
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during its resting period as shown in Figure 3.8. We observed that composites stiffen less 

when the chain relaxation process is disrupted with the large deformation.  

 

Figure 3. 6. Lissajous plots (total stress-strain) and elastic stress-strain curves for PMMA 

(Mw: 36 kg/mol)-15 wt% silica (13 nm) and PS (Mw: 52 kg/mol)-15 wt% silica (13 nm) 

composite at the initial stage and after 10 and 2000 sec waiting times measured at 210 oC. 
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Figure 3. 7. TEM images and 2D SAXS patterns for PMMA (Mw: 36 kg/mol)-15 wt% 

SiO2 (13 nm) at the initial (undeformed) stage and after applying shear and resting in 10 

sec (deformed) and 2000 sec (rested). 

3.3.3. Chain conformation and molecular packing  

To understand the effect of filler on polymer conformation, we have performed Small-

Angle Neutron Scattering (SANS) and Fourier-transform infrared (FTIR) spectroscopy 

measurements on composites before and after deformation. Analysis of SANS data 

revealed no measurable change in the Gaussian conformation of chains when samples are 

deformed (Figure 3.9 and Appendix 2 Figure A2.4).  
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Figure 3. 8. Normalized modulus as a function of waiting time for PMMA-SiO2 22 wt% 

composite with no strain and 150% strain applied during waiting times. 
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Figure 3. 9. SANS profiles of nanocomposites (13 nm silica) before (black) and after 

(red) deformation. Lines represent Debye fits. Error bars are smaller than the symbol 

sizes. 

We performed FTIR experiments on undeformed/deformed composites, as IR-

absorption has been used previously to confirm the closer packing of PMMA chains on 

particle surfaces at all trans (TT) conformations91,92. Thus, the appearance of TT at 860 

cm-1 after particle addition refers to denser packing of PMMA on particles. Figure 3.10a 

presents the IR-absorption graphs of undeformed composites where the TT peak height 
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relative to the trans-gauche (TG) peak at 843 cm-1 increases with particle composition. 

Figure 3.10b shows that the molecular conformation of the homopolymer does not 

change with deformation. At 22 and 30 wt% loadings, the heights of the TT peaks 

relative to the TG peaks decrease after deformation. These results imply desorption of the 

adsorbed polymer segments on particle surfaces after deformation, which can occur 

through processes such as removal of the trains and increase of the ratio of loops and 

tails. For 15% loading samples, no significant change is observed, possibly due to lower 

interfacial density and a small amount of adsorbed polymer present in the sample. We 

hereby demonstrate that PMMA conformation enhances the strength of adsorption 

leading to formation of a dense layer on spherical nanoparticles and that large strain 

amplitudes are required to desorb them. Further, we suggest that the entanglement of free 

matrix chains with the surface-associated chains is enhanced under repeated cyclic 

deformations. This mechanism can be utilized in responsive composites to improve their 

mechanical adaptability under frequent mechanical loadings.  

3.4. Chapter Conclusions 

It is well accepted that strong interactions between polymer and fillers lead to 

individually dispersed nanoparticles. Observing the evolution of interphases in such 

attractive composites under deformation is critical to explore the adaptive mechanical 

behavior. The continuous proce allows us to measure the 

mechanical response from adsorption and desorption of chains forming longer loops. 

During the resting time, more free chains entangle with these loops which create denser 

adsorbed polymer layers. Consequently, the composite having attractive interactions with 
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its fillers behaves like a stress sensor at surfaces during deformation and becomes more 

reinforced during resting. Softening response of a PS-SiO2 (repulsive) composite system 

with its aggregated particles confirmed that the increase in elastic stresses in an attractive 

system depends on molecular conformation and interfacial chain density. Relaxation of 

chains in attractive interphases under large deformation presents an interfacially 

controlled strengthening mechanism. This dynamic mechanical reinforcement mechanism 

has practical implications for designing mechanically responsive composites. 
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Figure 3. 10.  FTIR absorption spectra of PMMA homopolymer and its nanocomposites 

with 15, 22 and 30 wt% silica loadings before deformation (top figure) and comparison 

of absorption spectra of undeformed (solid line) and deformed (dashed line) samples for 

each composition.  
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CHAPTER 4 

TUNING MECHANICAL PROPERTIES OF POLYMER NANOCOMPOSITES WITH 

BIMODAL POLYMER BOUND LAYERS3 

Chapter Summary 

Mechanical properties of polymer nanocomposites can be enhanced by increasing 

nanoparticle loadings or by changing dispersion states. We demonstrate that a bound 

layer composed of short and long chains can be exploited to regulate the elastic modulus 

of bulk polymer nanocomposites within two orders of magnitude. The bound layer 

thickness on particles with high coverage of long chains is reduced with oscillatory 

deformation in a model attractive nanocomposite system. Reversibility of bound layer is, 

thus, possible for the short chains in the interphase. Compositional dynamic 

heterogeneity in the interphase has subsequent effects on the fragility of composites. 

With increasing amount of adsorbed long chains, fragility index systematically improves 

from moderate to high values. Our results suggest that the interphase layer between 

adsorbed chains and free matrix directly governs the reinforcement in poly(methyl 

methacrylate)-silica nanocomposites and can be dynamically altered under large shear.  

 

                                                 

3 [Senses, E., & Akcora, P. (2014). Tuning mechanical properties of nanocomposites with bimodal polymer 
bound layers. RSC Advances, 4(91), 49628-49634] Reproduced by permission of The Royal Society of 
Chemistry 
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4.1. Introduction 

In this work, we alter the effective interphase with the adsorption of bimodal 

chains on nanoparticle surfaces and examine the role of adsorbed layer on mechanical 

properties of poly(methyl methacrylate)-silica (PMMA-SiO2) nanocomposites. The 

interfacial layer effect has been studied recently on composites of polymer-grafted 

nanoparticles by Schadler et al.93. Well-dispersion was achieved in the allophobic 

dewetting regime with bimodal brushes. This finding then led them to study the role of 

matrix-brush entanglement on thermomechanical properties93. The problem of interfacial 

effect between grafted and free chains may look analogous to our work in which the 

interphases are between bare particles and adsorbed bimodal chains. In our system, 

however, bimodal chains are used to alter bound layer interactions between bare 

nanoparticles and the matrix which can tune the physical properties of composites and 

also can be prepared easily as opposed to grafting methods applied to nanoparticles94. 

Adsorption of homopolymers12,22 or diblock copolymers95 on bare has been attracting 

more attention as a new strategy to disperse nanoparticles effectively in polymer matrices 

for their practical processibility. 

Here, we demonstrate that by adsorbing bimodal blends of very short (< 

entanglement molecular weight, Me of PMMA: 12.5 kg/mol96) and long polymer chains 

(> Me), the bound layer interactions can be physically modified from weak to strong 

within identical dispersion states. Additionally, we examine the mechanical consequences 

of bound layers at different compositions in attractive nanocomposites. Large amplitude 

oscillatory shear (LAOS) experiments on composites reveal that entanglements change 



65 

 

 

within a bound layer22. In our past work, we have shown that loops and tails in the 

interfacial layer of PMMA-SiO2 nanocomposite can be dynamically altered in LAOS 

runs22. An interesting finding was that as sample rests between two deformation cycles, 

matrix chains entangled more densely with the adsorbed chains, and led to large increases 

in elastic modulus compared to the deformed unfilled polymer. This work now aims to 

reveal the effect of entanglements within this interphase by changing its composition on 

the mechanical and glassy properties of nanocomposites.  

4.2. Experimental Section 

4.2.1. Materials 

thesized by ATRP 

polymerization using p-toluenesulfonyl chloride (TsCl) initiator, CuBr-CuBr2 catalyst 

system with 2,2'-bipyridine in toluene at 70 oC. The reactions were complete within 24 

hours.  Colloidal SiO2 nanoparticles (13 nm and 55 nm in diameter) in methyl ethyl 

ketone were supplied by Nissan Chemicals America and used as received. The 

specifications of our samples are listed in Table 3.1. 

Table 4. 1. Specifications of nanoparticles adsorbed with varying polymer blend 

compositions. 

molecular weight  

nM  [kg/mol] (Dispersity , ) 

volume fraction of long 

chains in blends   

SiO2 

   Size [nm]         wt % 

96 (1.12) 4.3 (1.1) 1, 0.8, 0.5, 0.2, 0 13, 55 15  
68 (1.05) 2.6 (1.1) 1, 0.95, 0.85, 0.7, 0.3, 0 55 30 
12 (1.15) 2.6 (1.1) 1, 0.8, 0.5, 0.2, 0 55 30 

L
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4.2.2. Adsorbed bimodal chains on nanoparticles 

Bimodal polymer blend solutions were prepared in acetonitrile (at 40 mg/mL) 

with varying long chain compositions. Blend solutions were mixed with nanoparticles at 

30 wt% using a bath sonicator for 30 min. Solutions were stirred vigorously for 2 h and 

were immediately poured into Teflon dishes and evaporated overnight. Films were then 

annealed under vacuum at 150 oC for 3 days and at 180 oC for 2 h to ensure complete 

removal of solvent. Nanocomposites were then re-dissolved in acetonitrile and 

nanoparticles with bound polymer were recollected by centrifugation at 11,000 rpm for 5 

min. Washing process was repeated 3 times to ensure all unbound chains were removed.   

4.2.3. Bound layer characterization 

DLS measurements were carried out with a Zetasizer NanoS (Malvern 

Instruments) at particle concentration of ~1 mg/mL in acetonitrile to measure the 

hydrodynamic thickness of adsorbed layer. Measurement duration was 11 s, and data 

were averaged over 10 runs. TGA measurements were performed on a Q50 TGA (TA 

Instruments) to determine the mass amount of adsorbed polymer. Measurements were 

performed under a constant flow of nitrogen of 20 mL/min at a heating rate of 20 oC/min, 

starting from 40 oC up to 580 oC, while pausing isothermally at 150 oC for 20 min to 

ensure samples were free of solvent and then finally incubated at 580 oC for 20 min. 

4.2.4. Fourier Transform Infra-Red characterization 

Dry samples were mixed with KBr powder and compression molded to obtain 

transparent uniform films. Absorption spectra were obtained using a Tensor 27FTIR 
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1 with 64 scans of 4 cm 1 

resolution. 

4.2.5. Nanocomposite preparation 

Polymer bound particles were mixed with PMMA ( nM : 28 kg/mol, D: 1.15) and 

solution cast to form bulk films. Films were then annealed for 3 days at 150 oC and 2 h at 

180 oC under vacuum to remove any residual solvent.  

4.2.6. Nanoparticle structural characterization 

Films were microtomed into ~100 nm slices with a diamond knife at room 

temperature and examined by transmission electron microscopy (FEI CM20 FE S/TEM) 

at 200 keV. SAXS measurements were performed at Beamline X27C at the National 

Synchrotron Light Source (NSLS), Brookhaven National Laboratory. Air background 

subtracted data were fit to the unified equation; 

gi2 2 3 p
i gi i i

i

qR
I(q)= A exp[-q R /3]+B [((erf( )) )/(q)]

6
, where Rg is the radius of gyration, 

and p is the fractal dimension of the scattering objects and Ai and Bi are constants for the 

ith structural level. One level fit was sufficient to describe the patterns.  

4.2.7. Rheological characterization 

Linear and non-linear tests were performed on a strain-controlled ARES-G2 (TA 

Instruments) with 8-mm stainless-steel parallel plate fixtures. Composite samples were 

molded with a vacuum assisted compression molder at 180 oC for 10 min and then 

annealed at 130 oC for 12 h prior to the measurements. Experiments were performed at 

210 oC after 10 min equilibration time. LAOS tests were performed at a fixed frequency 
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of 1 rad/sec and at strain amplitude 300%. Measurement time was 300 s and data was 

collected at 300 Hz sampling frequency. Sheared samples were quenched below Tg of 

PMMA in ~1 min while the axial force is controlled within ±1 N to prevent thermal 

strain. Data was analyzed by using MITLaos software as previously reported97.  

4.2.8. Glass transition and dynamic fragility 

Fragility and glass transition temperatures on composite films were determined by 

using Q100 DSC (TA Instruments). The samples were first heated to 175 oC for 5 min 

and then cooled down to 30 oC at different cooling rates (Q) ranging from 0.2 to 30 

oC/min followed by heating to 175 oC by standard heating rate of 10 oC/min. The glass 

transition temperatures (Tg) were determined from the inflection point on the heating 

curves following the standard cooling rate Qstd = 20 oC/min. The limiting fictive 

temperatures, Tf, were obtained from each heating scan by using the instrument software 

(Q-Advantage). The dynamic fragility index, m, was determined from the relationship, 

ln(Q/Qstd) = m - mTf,std  / Tf , where Tf,std is the standard fictive temperature for Qstd
98.  

 

4.3. Results and Discussion 

4.3.1. Bimodal chain adsorption on nanoparticles 

We first studied the dispersion of bare nanoparticles in homopolymer blend 

matrices. Hydrogen bonding between oxygen atoms on PMMA and hydroxyl groups on 

SiO2 favors the physical adsorption of polymer to nanoparticle surfaces. Polymer-solvent 

interactions govern the adsorption process. For example, samples prepared in MEK or 

THF, which are good solvents for PMMA, exhibited poor dispersion since solvent can 
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displace chains on nanoparticles and impede the adsorption of chains. We further tested 

this by preparing composites with THF solvent (good solvent for PMMA). 

 

Figure 4. 1. TEM images of (a) PMMA-SiO2 (13 nm) and (b) PS-SiO2 (13 nm) 

composites prepared by solution casting from THF. PMMA matrix consists of 50:50 

blends of 4.3 kg/mol and 96 kg/mol chains. PS matrix consists of 50:50 blends of 5 

kg/mol and 100 kg/mol chains. (c) Individual dispersion of SiO2 nanoparticles (13 nm 

(b)

(c)

13 nm 55 nm

(a)
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and 55 nm) in PMMA (50:50 blends of 4.3 and 96 kg/mol chains) cast from acetonitrile. 

Particle loadings are 15 wt% in all samples. 

Figure 4.1a shows that 13 nm particles aggregate to form micron size clusters 

with sharp interfaces compared to the individual dispersion achieved with acetonitrile ( -

solvent) (Figure 4.1c). Strong interaction between THF and PMMA makes the adsorption 

unfavorable in solution, and the particle dispersion becomes similar to that for a repulsive 

system, as in PS-SiO2 in which identical micron-size clusters formed in the matrix 

(Figure 4.1c). Another reason to choose a -solvent is that in good solvents the chains are 

swollen (Rg ~ M   = 0.8) due to excluded volume effect while in melt and - 

solvent the chains assume ideal Gaussian conformation (  = 0.5). Hence, using -solvent 

allows keeping ideal conformation of chains from casting stage to annealing and avoids 

possible interfacial stress due to entropic contraction.  

We thus used acetonitrile, a -solvent for PMMA, in preparation of our composites as 

chains can adopt their ideal chain conformations in both solution and melt states99. We 

mixed SiO2 nanoparticles in solutions of blend homopolymers (96 and 4.3 kg/mol 

PMMA). TEMs in Figures 4.2a-b show individual dispersion of nanoparticles (13 nm and 

55 nm in diameter, at 15 wt% loading) in 96-4.3 kg/mol blend matrix (50/50 vol/vol %). 

Figure 4.2c displays SAXS patterns for 13 nm nanoparticles in matrices with different 

blend compositions. Individually dispersed nanoparticles of ~7 nm radius were obtained 

from low q-fitting, governed by the Guinier equation100: 2
0 gI(q)=I exp[-(qR ) /3] .  The 
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scaling in the Porod regime, I(q)  q-4, suggests particles are dispersed with sharp 

surfaces in all samples. 

 

Figure 4. 2. TEM images for (a) 13 nm and (b) 55 nm SiO2 nanoparticles in matrix 

composed of 96 and 4.3 kg/mol PMMA homopolymers at 50/50 vol%. Images at low 

magnifications are presented in Figure S2. (c) SAXS patterns for nanocomposites of 

different matrix compositions. L is the volume fraction of long chains in blend matrix. 

Dashed line is a Unified fit for a single level structure. Particle loading is 15 wt% in all 

composites. 

Next, we dispersed bare particles in 68 kg/mol and 2.6 kg/mol PMMA homopolymer 

mixtures for bimodal chain adsorption (see experimental for procedure). We used 55 nm 
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nanoparticles in our composites because the amount of adsorbed polymer on 55 nm 

particles is higher due to less curvature effect. Nanoparticles extracted from composites 

were analyzed in DLS and TGA (data shown in Figure 4.3a-b) following the reported 

protocol12. It is evident that hydrodynamic sizes of polymer bound nanoparticles (h) are 

larger than bound polymer thicknesses (t), and both parameters systematically increase 

with the fraction of long chains (Figure 4.3c). These results indicate that the composition 

of the bound layer changes by varying the fractions of long and short chains in the blend 

matrix.  

Differences in desorption probabilities drives the well-known competitive adsorption 

of chains with different lengths on flat surfaces. It was shown by Dijt et al.101 that kinetics 

of adsorption is primarily determined by transport of chains from dilute solution to the 

surface. Short chains that are adsorbed first are replaced by long chains eventually102,103. 

These studies on the preferential adsorption or exchange of long and short chains are in 

dilute solution limit. This mechanism does not apply in our system because particles are 

adsorbed in concentrated polymer solution. Granick et al.104 showed that strongly 

adsorbing chains on surface can sterically pin weakly adsorbed ones, resulting in their 

extended life-time on surface. In the case of bimodal chain adsorption, weakly adsorbed 

short chains can be pinned by the strongly adsorbed long polymers. This may create an 

additional entropic barrier to prevent desorption of short chains.  
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Figure 4. 3. (a) Hydrodynamic size distributions of 68-2.6 kg/mol PMMA blend 

adsorbed on SiO2 nanoparticles (55 nm) as a function of L. (b) Weight loss curves of 

corresponding particles are measured in TGA. (c) Bound layer thicknesses determined 

from TGA (t) (black squares) and DLS (h) (blue circles) as a function of 1/2
aveN . Cartoons 

represent the bound layer thickness variation with increasing coverage of long chains on 

particles.  
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It is also known that conformation of adsorbed chains from semi-dilute concentration 

or melt is the same as in solution105. Thus, the scaling for bound layers with the chain 

length, N1/2C7/8, at semi-dilute concentration is a reasonable argument and can be applied 

for the adsorbed amount of bimodal chains from their close-to semi-dilute concentration 

solutions. Virgiliis et al.106 predicted that the amount of polymer adsorbed from melt 

scales with N1/2, which agrees with the theoretical predictions by Fleer107. In our system 

with bimodal bound layer, thickness of bound layer also varies linearly with 1/2
aveN  as 

shown in Figure 2. Nave is defined as Nave = LNL + (1- L) NS, where L is the volume 

fraction of long chains (68 kg/mol), NL and NS is the degree of polymerization for long 

chains and short chains (2.6 kg/mol), respectively.  
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Figure 4. 4. FTIR spectra for (a) TsCl (chain end group) and (b) PMMA (30 kg/mol) 

synthesized using TsCl. (c) Comparison of short (2.6 kg/mol) and long (30 kg/mol) 

PMMA spectra showing the enhanced C=C peak at 1652 cm-1 for short chains.  
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Figure 4. 5. (a) The structure of the PMMA with its end groups are shown in the inset.  

(b) FTIR spectra for bare and adsorbing bimodal PMMA chains (2.6 kg/mol and 150 

kg/mol) 55 nm SiO2 nanoparticles at different long chain composition. (c) Ratio of peak 

areas corresponding to C=O (of monomer) and C=C (of end group). 
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however, extremely challenging to directly measure the bound layer composition. 

Various techniques such as positron annihilation spectroscopy13, neutron spin-echo 

spectroscopy108, NMR109,110 and small-angle neutron scattering111 have been used to 

determine the thickness, conformation and dynamics of the adsorbed polymer. Here, we 

took advantage of both the large asymmetry of adsorbed chain lengths and the 

contribution of end-groups (structure shown in Figure 4.4a) to evaluate the bound layer 

composition. Figure 4.4b-c shows the FTIR peaks for neat 30 kg/mol PMMA and 

comparison of short and long chains. Figure 4.5 presents the IR spectra of bare 

components and the bimodal PMMA adsorbed nanoparticles in the range of 1800-1550 

cm-1 involving the C=O region (1740 cm-1) of the PMMA and C=C peak (1652 cm-1) of 

TsCl. As the number of chain ends is inversely proportional to the chain length (1/N), 

C=O peak dominates over C=C peak for all-long-chain adsorbed particles ( L = 1) while 

C=C/C=O ratio progressively increases with increasing short chain concentration. This is 

further quantified by the areal fractions of C=O and C=C regions (Figure 4.5c). It is clear 

from the FTIR spectra and the DLS/TGA analysis that the short chains contribution 

increases monotonically with increasing short chain ratio on bimodal matrix from which 

the chains are adsorbed on nanoparticles. 

4.3.2. Effects of bimodal adsorbed chains on linear viscoelastic properties of 

nanocomposites 

The main focus of our work is to examine mechanical consequences of bimodal bound 

layers on nanoparticles in melts. Nanoparticles adsorbed with bimodal chains of 68 and 

2.6 kg/mol PMMA homopolymers (samples in Figure 4.2) are redispersed in 28 kg/mol 
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PMMA matrix. Matrix molecular weight is chosen carefully to be 28 kg/mol above 

entanglement molecular weight in order to observe the changes of relaxation times during 

deformation22. Dispersion state of nanoparticles adsorbed with bimodal chains in 28 

kg/mol PMMA matrix is shown in Figure 4.2. It is expected that PMMA of 2.6 kg/mol is 

unable to form loops or entangle with matrix chains near the surface.  Thus, changing the 

fraction of long adsorbed chains can control interfacial entanglement density, and hence 

rheological properties in attractive nanocomposites. Figure 3.6 shows the elastic modulus 

(G ), loss modulus (G")  and tan  over four decades of angular frequencies for various 

bound layer compositions. The low frequency regime of G  clearly shows changes in 

equilibrium relaxation behavior upon increasing the loop concentration on filler surfaces. 

Elastic modulus is modified by two orders of magnitude with the increased amount of 

long chains in bound layers within the same dispersion state of fillers. This is clearly 

different than conventional nanocomposite studies where the reinforcement is usually 

increased by increasing particle loading112. Our study further reveals the effect of 

interfacial entanglements on tuning the rheological properties within the same particle 

dispersion and concentration.  

Well dispersion of nanoparticles allowed us to further analyze our linear data in terms of 

viscosity and compare with the theoretical predictions. We obtained the zero-shear 

0 by fitting the complex viscosity data to three parameter Cross model

*
0

m
0

1

1 K
. We first obtained the parameters for the particle-free matrix as

0,free 5162 Pa.s , freeK 0.017 and mfree  = 0.72. Viscosity parameters for 
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nanocomposite samples were obtained by superposing the contributions of free matrix 

chains and interphase. We kept the matrix contribution the same since the particle loading 

is constant thus its hydrodynamic effect would be the same.; and only allow interphase 

parameters to vary in the composite viscosity fitting for * * *
free interphase . Because 

polymer type is the same at the interphase and free matrix, we kept the exponent the same 

as for free chains ( free int erphasem m 0.72   ). We then obtained the parameters int erphaseK   

and 0,interphase  for each bound layer composition, L . Contributions from free and 

interphase polymer and their superposition is illustrated on composite sample with L 1 

in Figure 4.7a. The fittings for all composites are shown in Figure 4.7b. Fitting 

parameters for the interphase contributions in each sample are given in Appendix 3 Table 

A3.1. The overall zero shear viscosity then becomes 0 0,free 0,int erphase . 
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Figure 4. 6. Linear elastic and loss moduli, and loss tangent of the nanocomposites with 

particles adsorbed with a mixture of 68 kg/mol and 2.6 kg/mol PMMA in 28 kg/mol 

PMMA matrix. Particle volume fraction, part  
= 0.17 and Tref  = 210 oC. 

The reinforcement factors obtained at different L (i.e. log ( 0( L 0,Matrix) are 
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dependence was extrapolated to h = 0 to obtain the reinforcement of well-dispersed 

particles in the absence of adsorbed layer (forming a non-sticky and well-dispersed 

particle case). The extrapolated value, 1.6, agrees reasonably well with the Guth 

prediction113 Matrix = 2 = 1.84  = 0.17 in our case) in which the 

reinforcement  is due to hydrodynamic contribution at high loadings. This result suggests 

that the viscosity increase in attractive nanocomposites can be effectively altered with the 

interfacial entanglements. To verify that reinforcement is a result of entanglements within 

the bound layer, we prepared a composite bound with 12 and 2.6 kg/mol chains at the 

same particle loading. Figure A3.1 (Appendix 3) shows no such reinforcement of this 

composite because interfacial entanglements are less effective with 12 kg/mol chains 

(<Me). 
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Figure 4. 7. (a) Complex viscosity response of composite (30 wt%) obtained from linear 

viscoelastic results shown in Figure 3.6 and corresponding model fit. Lines are free and 

interphase polymer contributions to the composite viscosity. (b) Model fittings for all the 

composites and the matrix. (c) Relative zero-shear viscosities as a function of 

hydrodynamic size of the particles. Flat line is the Guth prediction for spherical particles 

at high loadings. Particle loading is 30 wt% in all composites.   
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4.3.2. Effects of bimodal adsorbed chains on large amplitude shear response 

of nanocomposites 

We next investigated the large shear response. In our previous work, we showed 

in PMMA-SiO2 nanocomposite system that entanglement density around fillers can be 

altered with application of large amplitude oscillatory shear22. When the recovery of 

polymer modulus was monitored at rest, it was seen that composite stiffened after 

applying large strains, while the homopolymer recovered its initial modulus. During 

large-amplitude oscillatory deformations, chains can be desorbed and readsorbed, and the 

loop concentration may increase, which can lead to a self-stiffening behavior after shear 

due to increased entanglement density at the interphase. Correspondingly, such attractive 

systems can display unusual mechanical responses if the entanglement density of the 

interfacial layer is altered in a controlled fashion. Here, we further substantiate the origin 

of the self-stiffening of attractive composites by only changing the concentration of the 

loops using bimodal adsorbed chains. We apply similar deformation protocol22 (see 

experimental) to our composites and expect to see stiffening due to interphase effect 

formed by adsorbed bimodal chains. Samples were deformed for 300 sec and then 

immediately quenched below Tg. Stress-response averaged from the last 5 cycles were 

analyzed. Stress-strain curves (Lissajous plots) for the matrix and composites (Figure 

4.8a) present strengthening in non-linear regime. Total response is decomposed into its 

elastic and viscous components. Figure 4.8b shows the intra-cycle elastic stress-strain 

behavior of composites. It is evident that the average stress increases with the amount of 

long chains in the bound layer. Non-linear strain-stiffening97, ' '
L SG /G ,determined from 



84 

 

 

the ratio of the modulus in the limit of zero strain, GS  =
0

lim(d d )  , and large- 0, 

GL  = 0 0( ) /  , shows a strong dependence on the composition of the bound layer 

(Figure 4.8c). Strain stiffening at large strain is due to stretching of the chains21, which is 

governed by the entanglements at the interphase as schematically represented in Figure 

4.8d.  

 

Figure 4. 8. (a) Total stress-strain curves (Lissajous plots) for 28 kg/mol PMMA 

homopolymer and its composites containing SiO2 nanoparticles (at 30 wt%) adsorbed 
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with a mixture of 68 and 2.6 kg/mol PMMA at varying compositions. LAOS tests were 

performed at T = 210 oC, with 0 = 3 and  = 1 rad/sec. (b) Corresponding decomposed 

elastic stress-strain behavior of nanocomposites. Slopes presented are the moduli at the 

limit of zero-strain (GS ) and maximum-strain (GL ). (c) Strain-stiffening (GL  / GS ) as a 

function of L. (d) Schematic representation of chains stretching under large shear at 

different entanglement levels. 

 

The entropic barrier for desorption of short chains can be overcome by large shear. 

By distorting the conformation of the long chains on surface, this barrier is reduced and 

desorption/readsorption can be facilitated by large shear. To examine the deformation 

effect on bound layer thickness, samples deformed at large strains were quenched below 

Tg, and particles were recollected. Figure 4.9 compares the bound layer thicknesses 

before and after deformation. TGA results indicate that the bound layer thickness is 

reduced at high coverage of long chains after deformation which suggests that number of 

loops increases with shear and enables the denser entanglements at interphases, resulting 

in the stiffening observed under shear. The bound layer thickness remains nearly the 

same with small fractions of short chains which may be readsorbed on surfaces easily 

during and after deformation. This result reveals that bound layer of short chains is more 

likely to be reversible compared to the readsorption of long chains. 
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Figure 4. 9. Bound layer thicknesses (t) determined from TGA as a function of Nave
1/2 

before (open symbols) and after deformation (filled symbols). 

4.3.3. Effect of bound layer composition on glass transition and fragility 

As interphases become more heterogeneous by adsorption of bimodal polymer chains 

with different mobilities, the glassy behavior may also be altered. To understand the 

consequences of the enhanced dynamic properties and the interphase effect on thermal 

properties, we performed glass transition (Tg) and fictive temperature (Tf ) measurements 

on composites. Figure A3.2 (in Appendix 3) shows that Tg and Tf are not dependent on 

the bound layer thickness, which is consistent with small Tg changes reported for 
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nanocomposites has been commonly observed in confined environments induced by 

nanoparticles115, however in our system particles do not form any confined regions since 

interparticle distance (ID)/2Rg ratio falls in the unconfined regime. Fragility index is a 

measure of deviations from Arrhenius type behavior in the vicinity of glass transition and 

was shown to increase with monomer-surface interaction and particle loading116. We 

measured that with the adsorption of bimodal chains on particles, interphases become 

compositionally heterogeneous and dynamic fragility index increases from 115 to 168 

(Figure 4.10b). This behavior is attributed to the increased interfacial entanglements of 

long chains. According to Adam-Gibbs theory117, relaxations become increasingly 

cooperative and the size of the cooperative rearranging regions (CRR) governs the 

behavior of liquid upon cooling. With the loop forming long chains on the surface, the 

size of the CRR can be increased through entanglements in the interphase, thus 

composites become more fragile with L. We note the maximum in fragility is seen at L 

~ 0.90, which may be explained by the additional dynamic heterogeneities created by the 

swelling of bound layer with short chains. It is interesting that the storage moduli shows a 

similar trend (Appendix 3, Figure A3.3 L ~ 90-0.95. It is 

known that the short chains may act as a solvent when Graessley parameter (Gr = 

MLMe2/MS
3 with ML, Me and MS being molecular weights for long chains, entanglement 

and short chains) is above a critical value, Gr>Gr,C. Gr,c is on the order of unity and Gr = 

68*12.52/2.63=604 in our case so Gr>>Gr,c 118. The dilation of the chains result in 

swelling of the entanglement tube which may result in longer loops on the surface 

compared to monomodal long chains. This effect is more apparent in the dilute regime of 
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the short chains since the long chains will start disentangling with larger short chain 

ratios and the reinforcement will be less pronounced. Results here suggest that using 

bimodal chains with small fraction of short chains on nanoparticle surface can further 

improve the interfacial strength between matrix and fillers. Furthermore, the maxima 

observed at similar compositions imply that the elastic reinforcement in nanocomposite 

melts can be related to dynamic fragility, which are often thought to be unrelated. Further 

theoretical and experimental studies are needed to elucidate the effect of bimodal 

adsorbing chains on the glass-transition and fragility index.  
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Figure 4. 10. (a) Representative normalized cooling rate versus normalized fictive 

temperature plots to determine fragility index. (b) Change in dynamic fragility index with 

long chain concentration on nanoparticles.  
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4.4. Chapter Conclusions 

We showed on an attractive polymer nanocomposite system that bound layer interactions 

are tuned upon adsorbing homopolymers of bimodal chain lengths on nanoparticles. 

Subsequent changes in interfacial entanglement density enhance the elastic properties of 

nanocomposites. While glass transition is not affected by dynamic heterogeneities created 

with bimodal chains on surfaces, the fragility index is varied systematically from 

moderate to high values. These results corroborate the consequences of bound layer on 

mechanical and glassy properties of nanocomposites. Bimodal bound layers reveal the 

role of interphase layer on reinforcement mechanism and can further be used to modulate 

stiffness of polymer nanocomposites through shear-induced desorption/readsorption of 

chains. 
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CHAPTER 5 

REVERSIBLE THERMAL-STIFFENING IN POLYMER NANOCOMPOSITES4 

 

Chapter Summary 

Miscible polymer blends with different glass transition temperatures (Tg) are 

known to create confined interphases between glassy and mobile chains. Here, we show 

that nanoparticles adsorbed with a high-Tg polymer, PMMA and dispersed in a low-Tg 

matrix polymer, poly(ethylene oxide) (PEO), exhibit a liquid-to-solid transition at 

temperatures above Tg

to temperature underlies the existence of dynamically asymmetric bound layers on 

nanoparticles, and more importantly reveals their impact on microscopic mechanical 

behavior of composites, showcasing an unusual reversible stiffening behavior, which sets 

these materials apart from conventional polymer composites that soften upon heating.  

5.1. Introduction 

It is often desirable for materials to sustain fluidity at low temperature and exhibit 

reinforcement in the molten state. It is, however, a challenging task to retain mechanical 

performance, particularly in viscoelastic materials, with heating. This behavior, which 

holds a critical importance for mechanical adaptivity in soft materials, may be achieved 

with reversible stiffening at high temperatures. Stiffening in soft materials has been 

                                                 

4 Submitted to ACS Applied Materials and Interfaces.  
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realized through responsive polymers or reversible crosslinking mechanism79,119-121. For 

example, layered films of poly(N-isopropyl acrylamide) (PNIPAM) tethered Au 

nanoparticles exhibit reversible hardening near the lower critical solution temperature 

79. 

Dynamic supramolecular linkages122,123 and thermoreversible cross-linking124-126 yield 

reversibility in elastic properties of hydrogels and networks with remarkable self-healing 

character; however, these materials do not exhibit liquid-to-solid transition as they are 

often permanently cross-linked. Carbon nanotube filled polydimethylsiloxane and liquid 

crystal elastomers under cyclic deformation are shown to self-stiffen88,127,128, however, 

these mechanisms are either irreversible or require structural changes such as crystal 

orientation and stress-activated chemical reactions.  

It is well established that mechanical behavior of polymer nanocomposites 

(PNCs) is controlled by matrix-filler interphases and dispersion states129-131, which are 

governed by ligand type on nanoparticles and polymer chemistry. In nanocomposites, 

interactions between physically adsorbed polymer layer on particles (e.g. extent of 

entanglements) and matrix chains determine the mechanical properties of PNCs23,108,132. 

We recently showed that entanglements of free chains with the bound layer can 

irreversibly grow under large periodic oscillatory shear22. Here, we present a reversible 

thermal-stiffening behavior in solvent-free polymer nanocomposites without covalent 

bonding or temperature-responsive polymers, by exploiting interphases which consist of 

polymer blends with two different glass-transition temperatures (Tg). Such interphases 
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are utilized to result in dynamically asymmetric regions around nanofillers that will 

impact the macroscopic mechanical properties of bulk PNC films.  

Dynamic asymmetry in miscible polymer blends with large Tg differences 

between the individual components (e.g. PEO, PMMA, poly(vinyl methyl ether)-PS, 

poly(vinyl acetate)-PEO) have been studied in bulk polymer blends that are rich in high-

Tg component133-137. At sufficiently low temperatures, a low-Tg polymer is confined 

within glassy chains. Consequently, low-Tg chains remain highly mobile as their 

dynamics is decoupled from surrounding chains. Such dynamic heterogeneity is 

commonly attributed to compositional heterogeneities due to thermal fluctuations138, or 

self-concentration due to chain connectivity139. At higher temperatures, however, both 

chains are mobile and their relaxation is rather cooperative140. Adsorbing a high-Tg 

polymer (PMMA) on 55 nm silica nanoparticles and dispersing them in a low-Tg matrix 

(PEO), hence, allows us to tune the mechanical response of composites with an effective 

interphase layer that becomes more mobile due to dynamic confinement of PEO chains in 

glassy PMMA at temperatures below Tg-PMMA. 

The stiffening mechanism is schematically illustrated in Figure 5.1. We chose PMMA-

PEO system because Tg  g ~ 200 oC) 

with negligible enthalpic interaction141. At temperatures lower than Tg of PMMA, PEO 

matrix chains are dynamically decoupled as they are highly mobile within glassy PMMA 

chains. The frozen PMMA chains do not contribute to composite relaxation, thus matrix 

PEO chains govern the flow behavior. At temperatures higher than Tg of PMMA, bound 

PMMA chains slowly relax and dynamically couple with PEO chains in the interphase. 
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This can result in dynamic pinning of PEO chains at particle surfaces and hence stiffen 

the bulk material. 

 

Figure 5. 1. Schematic illustration of thermo-responsive interphases in a polymer 

nanocomposite. Nanoparticles adsorbed with PMMA (thick blue lines) are dispersed in a 

miscible polymer PEO matrix (thin black lines). At temperatures below Tg of PMMA, as 

shown on the left, PEO chains are confined within frozen PMMA loops and its dynamic 

decouples from polymer on surface. At temperatures higher than Tg of PMMA, as shown 

on the right, adsorbed polymer becomes mobile and dynamically couple with matrix 

chains. 

5.2. Experimental Section 

5.2.1. Materials  

PMMA at different molecular weights were synthesized by ATRP polymerization 

using p-toluenesulfonyl chloride (TsCl) initiator, CuBr-CuBr2 catalyst system with 2,2'-
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bipyridine in toluene under nitrogen environment at 70 oC.  Colloidal SiO2 nanoparticles 

(MEK-ST-L, 55 nm) dispersed in methyl ethyl ketone were supplied by Nissan Chemical 

America Corporation and used as received. PEO (-OH terminated and Mv = 100,000 

g/mol) was purchased from Sigma Aldrich and vacuum dried for three days at room 

temperature. 

5.2.2. Adsorbed polymer on nanoparticles and characterization  

PMMA was dissolved in acetonitrile (at ~30 mg/mL) before colloidal SiO2 was 

added at 30 wt% and mixed in a bath sonicator for 30 min. Solution was stirred 

vigorously for 2 h. Particles adsorbed with PMMA were recollected by centrifugation at 

11,000 rpm for 5 min. Washing process was repeated 3 times to ensure all unbound 

chains were removed. Finally, collected particles were dispersed at 4-6 wt% in 

acetonitrile. DLS measurements were carried out with a Zetasizer NanoS (Malvern 

Instruments) at particle concentration of ~1 mg/mL in acetonitrile to measure the 

hydrodynamic thickness of adsorbed layers. Measurement duration was 11 sec, and data 

were averaged over 10 runs. TGA measurements were performed on a Q50 TGA (TA 

Instruments) to determine the mass amount of adsorbed polymer on nanoparticles. 

Measurements were performed under a constant flow of nitrogen of 20 mL/min at a 

heating rate of 20 oC/min, starting from 40 oC up to 580 oC, while pausing isothermally at 

150 oC for 20 min to ensure samples were free of solvent and then finally incubated at 

580 oC for 20 min. 
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5.2.3. Nanocomposite preparation and characterization 

 PEO was dissolved in acetonitrile at 25 mg/mL and PMMA bound particles were 

added while stirring polymer solution. Final solutions were stirred vigorously for 30 min 

and cast into Teflon dishes to form bulk films of ~100-

annealed at 90 oC for 2 days, at 120 oC for 12 h and finally at 150 oC for 2 h under 

vacuum to remove any residual solvent. SEM images were obtained using a Zeiss Auriga 

Dual-Beam FIB-SEM on freeze-fractured surfaces of the films. Differential Scanning 

Calorimetry (DSC) was used to measure glass transition (Tg) and crystallization 

temperatures. To determine Tg, 5-10 mg samples were first heated to 175 oC for 5 min 

and then cooled down to 30 oC at 20 oC/min cooling rate followed by a heating ramp to 

175 oC by 10 oC /min heating rate. Tg

heating curves. For melting temperature, samples were first equilibrated at -70 oC and 

then heated to 170 oC at 20 oC /min. After isothermal waiting for 5 min, samples were 

cooled back to -70 oC at the same rate. This cycle was repeated and crystallization 

temperatures were determined from the second cooling curves. 

5.2.4. Rheological characterization 

 Rheology experiments were performed on a strain-controlled ARES-G2 (TA 

Instruments) with 8-mm stainless-steel parallel plate fixtures in a forced convection oven 

maintaining temperature within ±0.1 °C in nitrogen. Composite samples were molded 

with a vacuum assisted compression molder at 90 oC. For temperature sweep 

experiments, samples were first heated to 190 oC and thermally equilibrated to ensure 

complete melting of samples and then cooled down to 85 oC at 5 oC/min and equilibrated 
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for 5 min. Sinusoidal strain with an amplitude of 0.5% (in linear region) was applied at an 

angular frequency of 5 rad/sec in oscillation-temperature ramp mode. Temperature sweep 

experiments were performed at a strain amplitude of 0.5% (in linear regime for the whole 

temperature range) and at 5 rad/sec with 5 oC/min heating rate. Modulus data were 

collected at 0.2 Hz sampling rate. Heating-cooling cycle scans were performed following 

the same protocol. Isothermal aging response was determined by pausing the heating and 

cooling scans at desired temperatures and modulus data were collected. Measurements 

were done in quasi-equilibrium at which rate of deformation was much faster than the 

heating rate. This was confirmed on neat polymers with isothermal responses followed by 

heating steps. Strain amplitudes in linear regions at different temperatures for each 

frequency are determined. Creep-recovery tests were performed at different temperatures 

following 10 min equilibration. Small constant stress of 100 Pa was applied and 

corresponding deformation was monitored for 5 min and then stress is decreased to zero 

to monitor the recovery. Solid-to-liquid transition of PMMA in Figure 5.2d was obtained 

by heating PMMA to 200 oC and waiting for thermal equilibrium for 10 min. Samples 

were then cooled down to 110 oC at 10 oC/min rate and waited for 10 min for thermal 

equilibrium. Sample was then heated to 200 oC at 5 oC/min (same rate as PEO and 

composites) while small strain amplitude of 0.1% is applied at 5 rad/sec frequency with 

data collected at a 0.4 Hz. Data below 110 oC was obtained in a similar way but at high-

torque mode of the instrument to prevent overshoot.  
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5.3. Results  

We first adsorbed PMMA of different chain lengths (68 and 2.3 kg/mol) on 55 nm 

colloidal silica (SiO2) nanoparticles to investigate the effect of interparticle distance and 

interphase on stiffening. PMMA adsorbed particles at loadings of 15-50 wt% are then 

dispersed in PEO matrix (Mw: 100 kg/mol). Figure 2a and Appendix 4-Figure A4.1 show 

that nanoparticles are individually dispersed in PEO at all particle concentrations. The 

average interparticle distance is calculated using 1/3
maxID=d[( , where d is the 

number-average particle diameter and max is the maximum volume packing fraction 

which is interparticle distance 

between particles and size of PEO chain, ID/2Rg, is systematically varied to create 

unconfined and confined polymer regions (Figure 5.2b). Bulk Tg for 68 and 2.3 kg/mol 

PMMA is determined to be 130 and 92 oC, respectively using a differential scanning 

calorimeter (DSC) (Appendix 4-Figure A4.2d). PEO-PMMA is an LCST type blend 

system142,143 and has been shown to be miscible up to above 230 oC for similar molecular 

weights144. We chose our experimental temperature range 80-200 oC as it is well above 

the crystallization temperature of nanocomposites (Figure 5.2c). Note that Tg of PMMA 

and PEO is 135 and -65 oC, respectively. The amount of adsorbed PMMA is very small 

~8 wt%, even in the highest particle loading of 50 wt%, that its Tg cannot be measured in 

nanocomposites.  

Dynamic linear mechanical response (at fixed frequency, 5 rad/sec) for homopolymers 

and 20 wt% composite with PMMA (68 kg/mol) adsorbed SiO2 particles to a temperature 

ramp (5 oC/min) is presented in Figure 5.2d. Bulk PMMA undergoes a glass-rubber 
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transition at ~135 oC which is also seen in the loss tangent peak and its elastic modulus 

decreases by three orders of magnitude. Neat PEO behaves as a viscous liquid with low 

elastic moduli (~kPa) decreasing monotonically with temperature. The composite 

behaves similar to PEO up to Tg,PMMA with typical moduli below 10 kPa and then stiffens 

with temperature beyond Tg,PMMA to a modulus close to the entanglement plateau of 

PMMA (1.8 MPa). Loss tangent for the composite clearly shows the switching of 

mechanical behavior from liquid to solid states with temperature.  
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Figure 5. 2. Sample characteristics and thermo-responsive behavior of PEO-SiO2 

nanocomposites relative to pure polymers. (a) Scanning electron micrographs on freeze-

fractured surfaces of nanocomposites with 15 and 40 wt% SiO2 nanoparticles adsorbed 

with 68 kg/mol PMMA show the individual dispersion of nanoparticles in PEO matrix 
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(see Supplementary Figure S1 for different compositions). (b) Average interparticle 

distance (ID) versus particle loading. Dashed line is for the matrix chain size (2Rg). (c) 

Melting temperatures of neat PEO and composites are obtained in heat flow curves. (d) 

Elastic modulus, G , behavior of PMMA, PEO and 20 wt% composite versus temperature 

(at 5 oC/min heating rate) and their corresponding loss tangent behavior. 

By increasing particle loading, liquid-to-solid transitions broaden as shown in Figures 

5.3a-b. All 68 kg/mol PMMA adsorbed particles induce stiffening, yet, the transition 

temperature shifts to a higher value as the interparticle separation (ID) increases. This 

shift can be explained by the longer time required for reptating chains within larger 

interparticle distances. Loss angle behavior clearly presents a liquid-to-rubbery transition 

for all compositions. Note that the particle loading decreased the low temperature moduli 

as well as the transition temperature. This is very unusual behavior since nanoparticles 

usually improve the moduli. However, in the case of blend interphase, this seems to be 

reversed due to enhanced mobility of host PEO chains in the presence of glassy PMMA 

chains.  

It is seen that even in small particle loadings with ID>>2Rg, composites stiffen in a 

similar manner. This suggests that confinement induced by nanoparticles is not effective 

in stiffening. It is seen in Figure 5.3a that the modulus of PEO/PMMA blend with (95:5 

wt:wt) composition decreases with temperature similar to neat PEO, which indicates that 

stiffening arises from nanoparticles adsorbed with long polymer chains. Thus, the 

dynamic coupling of the PEO and PMMA near the nanoparticle surface, resulting 
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dynamic pinning of PEO chains at the surface results in stiffening. In addition, 

percolation of the nanoparticles cannot explain the observed stiffening since the 

percolation would result in highly reinforced composite at low temperatures through 

glassy bridges of PMMA and softening as the PMMA chains become more mobile. To 

further elucidate the percolation effect, 50 wt% sample with (ID/2Rg<1) (Appendix 4-

Figure A4.4a) is used. The starting modulus value is the highest of all composites due to 

possible interparticle bridging, yet, the stiffening transition is similar to other 

compositions. Note that the transition temperature for this highly confined sample shifts 

back to higher levels possibly due to restricted chain motion within such small spaces 

rather than the percolation effect.  
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Figure 5. 3. Effect of particle loading on mechanical response of conventional and 

thermos- stiffening nanocomposites. (a) Elastic moduli and (b) loss tangents of PEO-

PMMA blend (in the absence of SiO2) and nanocomposites with various loading of 

nanoparticles adsorbed with 68 kg/mol PMMA versus temperature. (c) Elastic moduli 

and (d) loss tangents of conventional PEO-SiO2 nanocomposites (with no bound PMMA).  
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Molecular weight of adsorbed polymer also affects the thermo-stiffening because 

shorter chains have lower Tg  and loop 

formations and interfacial entanglements are more effective with longer chains. Particles 

adsorbed with short PMMA chains (2.3 kg/mol; D: 1.13) do not effectively stiffen the 

composites compared to other samples with 68 kg/mol PMMA adsorbed particles. We 

further tested the chain length effect by adsorbing long (Mw = 200 kg/mol, D: 1.17) and 

short PMMA chains (Mw = 9.6 kg/mol, D: 1.06) (Figure 5.4 and Appendix 4-Figure 

A4.3). Interphases with longer chains reinforce the composites at low temperatures and 

exhibit thermo-stiffening at elevated temperatures. Unlike long chains, only 40 wt% 

composite with particles adsorbed with 10 kg/mol PMMA exhibits stiffening. Note that 

particles are uniformly dispersed in all these composites.  

We additionally prepared PEO nanocomposites with non-adsorbed SiO2 (Figure 

5.3c-d), a conventional PNC case in which bound and matrix polymers are chemically 

identical. Appendix 4-Figure A4.1 displays uniform dispersion of bare SiO2 nanoparticles 

in PEO. It is observed that the composites are reinforced with the addition of fillers and 

soften with temperature in the absence of adsorbed layers. This is clearly different than 

nanocomposites containing dynamically asymmetric interphases studied in our work.  
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Figure 5. 4. Stiffening response from longer adsorbed chains. Elastic moduli and loss 

tangents of composites with 200 kg/mol PMMA (D: 1.17) adsorbed SiO2 with increasing 

temperature. Dispersions at 20, 40 and 46 wt% are shown in SEM images. 

Deformation rate has also strong effect on thermo-stiffening. Frequency sweeps 

of a 30 wt% composite (Figure 5.5a-b) present unusually high modulus at higher 

temperatures with no frequency dependence which is a typical elastic network response. 

Upturns at low frequencies above Tg,PMMA suggest aging of the sample between long 

deformation cycle times. We applied a temperature ramp with 1, 5 and 50 rad/sec 
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deformation frequencies (Figure 5.5d) to evaluate the effect of deformation rate. At high 

temperatures, moduli become independent of frequency, while low-temperature moduli 

increase with frequency, that is in-line with frequency sweep results. It is noteworthy that 

the transition temperature shifts from 130 to 150 oC with frequency due to insufficient 

time for relaxation to occur at high frequencies, which in turn shifts Tg to higher 

temperatures. Flow and deformability of a 30 wt% composite was further tested at a 

constant stress of 100 Pa (creep) and subsequent recovery in cessation (Figure 5.5c). At 

110 oC, the material is viscoelastic and steadily flows with time; however, at high 

temperature, deformability significantly decreases and strain remains constant over time.  
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Figure 5. 5. Frequency dependence of thermo-stiffening and creep-recovery behavior. 

Effect of linear deformation frequency on (a) elastic modulus and (b) loss tangent at 

different temperatures of a 30 wt% composite displays frequency-independent moduli at 

low temperature while presenting unusually high elastic moduli at high temperatures. 

Upturns at low frequencies imply aging response between two data points. (c) Strain 

response of the same composite to a constant stress of 100 Pa (creep) and corresponding 

recovery upon removal of stress at different temperatures. (d) Temperature sweeps (5 
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oC/min) at different linear deformation frequency shows the onset of stiffening is shifted 

to higher temperatures with frequency. 

            Periodic temperature scans (at 5 oC/min) of a 40 wt% sample between 80 and 180 

oC show that stiffening/softening is achieved over many cycles through the reversibility 

of transition (Figure 5.6a-b). Complex viscosity presents similar increase by heating and 

completely reverts to its original value upon cooling, with clear thermal hysteresis 

centered around Tg,PMMA. It is demonstrated in Figure 5.6c that the composite and neat 

PEO flow at 120 oC and composite retains its bulk shape at 190 oC compared to PEO 

melt. Increase in elastic modulus with temperature is linear above transition temperature 

with a typical slope of ~ 4.8 kPa/oC +/- 1.2 (Appendix 4-Figure A4.4b). Since mechanical 

behavior is governed by the coupling of fast PEO and slow PMMA dynamics at 

interphases at high temperatures, the slowing down dynamics of PEO within interphase 

causes stiffening mechanism that is analogous to network elasticity. Modulus of a 

polymer network increases linearly with temperature and can be approximated by G = 

is transmitted through bulk with entanglements of PEO; thus M becomes entanglement 

molecular weight which is 1730 g/mol96. Since bulk density of PEO is 1.06 g/cm96, 

modulus of a polymer network is found to be 5 kPa/ oC, which is equal to the slope of the 

stiffening obtained in our experiments (Appendix 4-Figure A4.4b).  
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Figure 5. 6. Reversibility of complex viscosity and elastic moduli. (a) Complex viscosity 

behavior of a 40 wt% composite upon heating and cooling cycles (5 oC/min) follows the 

same heating and cooling paths with clear hysteresis around Tg,PMMA. (b) Elastic modulus 

of a 40 wt% composite in response to periodic temperature scans between 80 and 180 oC. 

(c) PEO and 30 wt% composite (PNC) show similar deformability after waiting for 6 min 

at 120 oC. After waiting at higher temperatures (190 oC) for 5 min, PEO melts and PNC 

retains its shape. 
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5.4. Discussion 

Colmenero et al. recently studied the effect of cross-linking on chain dynamics by 

using PMMA soft nanoparticles dispersed in PEO matrix145-147. It was found that PEO 

dynamics above Tg of PMMA becomes slower than pure PEO dynamics by two orders of 

magnitude in its blend with 75 wt% PMMA145. Further, it was reported that chains 

deviated from Gaussian behavior in this regime and dynamics slows down with an 

increase in temperature. The authors speculated that this behavior may be due to locally 

trapped PEO chains within loops near soft nanopar -

packed at 75 wt% loading. Unlike their system, we use PMMA as a thin bound layer of 

(~ 2 nm thick) on nanoparticles in PEO matrices. The postulated mechanism of loopings 

in the bound layers and slow chain dynamics has relevant consequences on mechanical 

properties in our nanocomposites at low particle concentrations. Slow motions of chains 

at the interphase, thus, give rise to a controlled stiffening in the low-Tg matrix.  

Time evolution of elastic moduli demonstrate aging of composites above Tg of 

PMMA. We interrupted heating and cooling cycles with isothermal steps (Figure 5.7a 

and Appendix 4-Figure A4.5a-c) and measured the growth rates of elastic moduli for 68 

kg/mol PMMA adsorbed SiO2 (Figure 5.7b). Changes in the moduli during cooling steps 

show that stiffening is both temperature and time dependent. Note that stiffening rates in 

the composite are similar in heating and cooling steps. We applied the same protocol on 

neat PMMA and PEO, and observed that both polymers soften with heating; however 

moduli quickly reach plateaus at isothermal steps (Appendix 4-Figure A4.5d-e). This 

verifies that high temperature aging is not due to thermal equilibration of neat 
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components; rather it occurs at the interphase. All composites, independent on the 

nanoparticle loading, showed Arrhenius-type dependence on stiffening rates (Figure 

5.7b), with the same activation energy of Ea ~108 kJ/mol. The vertical shift of the curves 

for composites with larger interparticle separation is because of the larger diffusion 

distances for interfacial effect to propagate into bulk matrix. As entanglements form in a 

diffusive process, one can obtain the response for equivalent diffusion distance for each 

composite by shifting the kinetic data vertically by a factor of (ID/2Rg)
2 . Points then 

overlap on a linear line, suggesting that the mechanism for aging is independent of 

particle loading, yet slower for large interparticle separations.  

Since the glassy-to-rubbery transition of PMMA leads to stiffening, the activation 

energy for the stiffening mechanism can be related to the activation energy for PMMA 

relaxation around its Tg -

relaxation due to segmental motions which also govern the glass tr -

relaxation due to side group motions (i.e. methyl group rotation) which is generally fast. 

temperature145,148 -relaxation is strongly altered by blending136,145,149. Dynamic 

confinement effect was also shown on PVAc-PEO blend system using quasi-elastic 

neutron scattering (QENS)134. A cross-over temperature was found ~70 oC higher than Tg 

of the blend. This cross- -

(typically occurs at Tg/T > 0.85) of the high-Tg component134,150. Similar crossover 

temperature was reported for PEO/PMMA system by Richter et al. above Tg of the blend 

by 65 oC151. Temperature range of our experiments also coincides with the merged 
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relaxation of PMMA. We obtained the activation energy from isothermal aging behavior 

above Tg.PMMA and obtained 108 kJ/mol, which agrees very well with the number reported 

by Dionísio et al.152 (~120 kJ/mol) and Schröter et al.153 -

merging of PMMA. We compared the activation energies of 40 wt% composites with 

their particles adsorbed with 200 kg/mol and 10 kg/mol PMMA obtained through similar 

aging experiments (Appendix 4-Figure A4.6). The activation energy decreases with chain 

length presumably because long chains require more cooperativity to become mobile as 

they undergo glass-transition. Note that the activation energy of PMMA relaxation at an 

attractive surface can be significantly different than that in bulk form. The adsorbed 

PMMA has fraction of trains that are in direct contact with the surface while loops, and 

tails are relaxing much faster. As the number of attached monomers are ~N1/2 for a chain 

with degree of polymerization N, it is expected that the molecular weight can have strong 

This discussion 

presents that small amount of adsorbed PMMA layer on particles controls the relaxation 

behavior of the composite, thus the stiffening behavior is governed with the relaxation of 

PMMA chains as they interact with the fast PEO chains.  

 Finally, we demonstrate the performance of a 30 wt% thermo-stiffening 

composite to an arbitrary temperature change between 80 and 180 oC, subjected to 

different ramps at 2-20 oC/min (Figure 5.7c). While PEO softens with temperature, PNC 

follows the thermal trace and stiffens with increasing temperature. At slow heat ramps 

aging response becomes more apparent, whereas at fast ramps composites can also 

thermally-stiffen.  
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Our results demonstrate that coupling and decoupling mechanism of dynamically 

asymmetric polymer blends on nanoparticles provide a robust way of creating self-

stiffening in solvent-free nanocomposites. The mechanism presented here is driven by 

large Tg disparity of polymers at interphases and controlled by mobility of the high-Tg 

bound polymer layer on nanoparticles. When interphase is frozen, soft matrix polymer 

dominates the flow behavior; on the contrary, when the interphase is mobile, its dynamics 

is coupled with entangled matrix chains. Consequently, an unusual and thermo-reversible 

liquid-to-elastic transition can be achieved in melt systems. We conjecture that similar 

thermo-stiffening may be achieved in polymers loaded with functional fillers such as 

plasmonic nanoparticles to design shape changing and stiffening materials, which can 

lead to their transformative applications in soft robotics and flexible electronics.  

It is known that physical adsorption of polymer chains adjacent to an attractive 

surface leads to an increase in Tg, which also reveals the dynamic heterogeneities in 

polymer relaxation154,114,155. In conventional nanocomposite design, the bound and the 

matrix chains are commonly chosen to be chemically identical. Despite significant 

reinforcement seen in such nanocomposites, the mobility difference between bound and 

free chains are limited and often results in increase of Tg of the composites by a few tens 

of degrees114. It has been long assumed that the bound polymer forms a glassy layer 

around the nanoparticles which percolates upon decreasing temperature and reinforces 

the composites. In contrast, Krutyeva et al.108 recently showed by neutron spin-echo 

technique that the bound polymer is not glassy at all and forms an effective interphase 

region by entangling with surrounding chains, which slows down the dynamics. Here by 
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using highly asymmetric chains with negligible enthalpy interaction within the interphase 

region, we switched the behavior of bound polymer layer from glassy to mobile while the 

matrix chains remains mobile. Our results suggest that the composites are reinforced 

when the bound polymer layer is mobile, rather than being glassy.  

 

Figure 5. 7. Aging dynamics and on-demand thermal stiffening. (a) Step-wise 

temperature increment (with 5 oC/min heating rates) on a 30 wt% nanocomposite reveals 

that stiffening rate is temperature dependent and reversible upon cooling. (b) Stiffening 

rates for different compositions follow an Arrhenius behavior. Activation energy (slope 

of the fitted lines) is 108 kJ/mol at different particle concentrations. (c) Mechanical 
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response of neat PEO and 30 wt% nanocomposite to an arbitrary thermal load applied 

between 80-180 oC with 2-20 oC/min temperature ramps. 

We note that the conventional polymer nanocomposites with identical bound and 

free chains constitute one extreme case in which there is negligible asymmetry in 

dynamics and composites soften with temperature. Our study presents another extreme 

situation in which the dynamic asymmetry is very large and the composites unusually 

thermo-stiffen. We conjecture that the liquid-to-solid transition as well as stiffening can 

be observed, although limited, in other systems with smaller dynamic asymmetry 

provided that the slow component changes its behavior from glassy to mobile in the time-

scale of the relaxation of mobile chains.  For the miscible bulk PEO-PMMA and PVAc-

PEO systems, dynamic decoupling starts 65-70 oC above Tg of the blend upon 

cooling134,151. For systems with high enthalpy interaction, the stiffening transition may be 

shifted up or down depending on the nature of interaction. 

5.5. Chapter Conclusions 

Our results demonstrate that coupling and decoupling mechanism of dynamically 

asymmetric polymer blends on nanoparticles provide a robust way of creating self-

stiffening in solvent-free nanocomposites. The mechanism presented here is driven by 

large Tg disparity of polymers at interphases and controlled by mobility of the high-Tg 

bound polymer layer on nanoparticles. When interphase is frozen, soft matrix polymer 

dominates the flow behavior; on the contrary, when the interphase is mobile, its dynamics 

is coupled with entangled matrix chains. Consequently, an unusual and thermo-reversible 
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liquid-to-elastic transition can be achieved in melt systems. We conjecture that similar 

thermo-stiffening may be achieved in polymers loaded with functional fillers such as 

plasmonic nanoparticles to design shape changing and stiffening materials, which can 

lead to their transformative applications in soft robotics and flexible electronics.  
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CHAPTER 6 

ANOMALOUS PARTICLE RELAXATION IN POLYMER MELTS WITH 

DYNAMICALLY ASYMMETRIC INTERPHASES 

 

Chapter Overview 

We have discussed in Chapter 5 that PEO becomes mobile when it is confined within 

frozen PMMA chains at temperatures below Tg,PMMA. At temperatures higher than 

Tg,PMMA, on the other hand, bound PMMA chains become mobile and this dynamic 

heterogeneity of miscible PEO-PMMA blend in the interphase slows down dynamics of 

PEO. This Chapter discusses the X-ray photon correlation spectroscopy (XPCS) 

experiments that will provide insight into the dynamics of particles as the interphase 

regions are stiffened with heating. XPCS experiments below and above Tg,PMMA will 

indicate the viscosity change within dynamic asymmetric interphases. It is hypothesized 

that particle  mobility shifts from diffusive to non-diffusive mode due to interfacial 

stiffening. It is expected that relaxation time will increase and the local viscosity gradient 

can be calculated from the diffusivity measured with this technique where auto-

correlation functions are analyzed at varying temperatures. We showed that bare SiO2 

particles in PEO matrix follow diffusive dynamics and the relaxation time increases by 

lowering temperature due to slower dynamics of particles. Additionally, we found that 

dynamics of PMMA adsorbed particles dispersed in PEO is hyper-diffusive at low 

temperature with small relaxation times; and particle dynamics switches to a diffusive 
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mode with unusual increased relaxation times at high temperature. These dynamic results 

are an important supporting evidence for the origin of thermally stiffening polymer 

composites, where local viscosity changes within dynamic asymmetric interphases or Tg 

gradients around particles presumably control the macroscopic mechanical properties. 

6.1. Introduction 

Many complex fluids, ranging from dense emulsions and foams to colloidal gels and 

polymers, exhibit very slow dynamics and aging which has drawn much scientific 

attention156,157,158,159,160. XPCS has emerged as a powerful tool for investigating 

dynamical and rheological properties of slow dynamics experienced by these complex 

fluids161. The technique is similar to DLS where the fluctuations of scattered visible light 

provide dynamic information of a material162. X-rays with much shorter wavelengths than 

DLS 

DLS is limited to dilute suspensions due to possible multiple scattering at high 

concentration regime. Multi-speckle dynamic light scattering (MSDL) was developed 

before XPCS and provided anomalous dynamic aging behavior in colloidal suspensions 

with large particles160,163.  XPCS expands the length scale covered by MSDL, making it 

possible to measure the slowed down dynamics of nanoparticles in polymers.  

XPCS has been used, often with dilute marker nanoparticles, to obtain local 

viscosity of polymer in thin films164 or bulk165 to explain the origin of Tg shift reported in 

confined polymers, the surface composition of miscible polymer blends166, gel-like 
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mechanical behavior and aging of grafted nanoparticles in polymer melts167, effect of 

particle surface chemistry on particle diffusion168.  

In this study, we use nanocomposites of bare and PMMA adsorbed SiO2 

nanoparticles dispersed in PEO matrix and investigate how dynamic asymmetry between 

surface-bound and matrix chains influence the local viscosity around nanoparticles by 

probing the nanoparticle relaxation dynamics in XPCS. Dynamic confinement induced by 

the glassy chains on the matrix polymer is shown to decrease the bulk viscosity of the 

nanocomposites, while at high temperatures dynamic coupling between these chains 

results in dramatic increases in viscosity. We show that particle motion in a host polymer 

matrix can be accelerated at low temperatures, whereas their relaxation slows down at 

higher temperature by forming a dynamically asymmetric polymer blends within the 

interphase.  

In an XPCS measurement, time auto-correlation function of SAXS intensity at 

increasing delay time t ( I(q,t) ) is calculated from 
2

2g (q,t)= I(q,0).I(q,t) I(q,0)

where I(q,0) is the SAXS intensity at a reference time and ..  refers to an ensemble 

average over different speckles at the same q and over t. The auto-correlation function,

2g (q,t) , is modeled as 2
2 1g (q,t)=1+A[g (q,t)]  where A is the speckle contrast and 1g (q,t)  

is the intermediate structure factor (ISF). ISF is best described by an exponential form,

1g (q,t)=exp[-(t/ , with characteristic relaxation time, , and stretching exponent, . 

The auto-correlation function is then expressed as 2
2 ( , t) 1 A[exp[ (t/ ) ]]g q  and the 
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fitting parameters  and  are obtained from the experimental auto-correlation data. A is 

an instrument factor. 

In a simple diffusive process, the ISF has a single exponential form with  = 1. 

Most complex fluids exhibit deviation from single exponential to stretched ( <1) or 

compressed ( >1) exponential. The compressed exponential decay mostly occurs in 

glassy medium, where fast relaxation modes are suppressed possibly due to dynamically 

heterogeneous regions in the medium and commonly observed in soft glassy materials 

near jamming transition156,164,169. Nanoparticles in polymers also present compressed 

exponential relaxation near Tg 
169.  

6.3. Experimental Section 

We used the samples prepared in Chapter 5 in XPCS experiments. Bare-SiO2 

adsorbed with 68 kg/mol PMMA are dispersed (15 wt%) in PEO (100 kg/mol) matrix. 

Samples were molded into 1 mm diameter holes on aluminum samples holders of 0.5 mm 

thickness by melting at 90 oC and pressing in the rheometer plates. XPCS measurements 

were performed at the beamline 8-ID-I in Advanced Photon Source at Argonne National 

-rays 

with photon energy of 11 keV. The normalized intensity-intensity auto-correlation 

function was obtained over the wave vector range 0.027 nm-1< q < 0.3 nm-1. Samples 

were held at 120 oC for 10 min for melt equilibirum. Measurements were then performed 

at 75, 90, 120, 140, 160 oC for 10 min thermal equilibration priori. The same protocol is 

used for each sample to match their thermal history. For each temperature, data collected 



121 

 

 

particle dispersion as well as consistency of the correlation function. XPCSGUI170 

software provided at the beamline was used to analyze the average SAXS and auto-

correlation functions.  

 

6.3. Results and Discussion 

It is important that nanoparticles maintain their well dispersion when samples are 

heated to high temperatures. To evaluate the dispersion stability and uniformity, we look 

into the averaged SAXS intensity for bare-SiO2 dispersed in PEO and PMMA (68 

kg/mol) adsorbed SiO2 dispersed in PEO at 15 wt% loading. Figure 6.1 shows the time 

average SAXS images at 80 oC and 150 oC for the whole detector area. Structure is 

isotropic and intensity drops rapidly with q; thus a rectangular region shown is chosen to 

obtain the auto-correlation functions covering a range of 1msec to 100 sec delay time.  

Figure 6.2 compares the SAXS intensity obtained at different locations for two different 

temperatures, showing the uniformity of particle distribution both for bare and PMMA 

coated nanoparticles. The intensity is fit to a one-level Baucage function  (shown in the 

inset of Figure 6.2b), 
3

2 2 ( ( / 6))
exp( / 3) [ ]g p

g

erf qR
I q G q R B

q  
, where Rg is the 

radius of gyration, p is the fractal dimension of the scattering objects, and G, and B are 

constants. The Rg determined from the fitting is 29.7 nm, which agrees with the actual 

size of particles (27 nm). Intensity at low-q reaches a clear plateau, with a slight 

interference peak appears at q ~ 0.056 nm-1 due to large particle loading. This 
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corresponds to average center-to-denter distance ( 2d q) of 112 nm. ID (interparticle 

distance) obtained from SAXS is thus ~57 nm, which is in agreement with the theoretical 

prediction (55 nm) given in Chapter 5 for 15 wt% loading. At high q (Porod regime), the 

intensity scales as, 4I q , with p=4, suggesting particle dispersion with sharp surfaces. 

Figure 6.2b shows that SAXS patterns do not change at different temperatures. This 

confirms that the nanoparticles do not aggregate into clusters when heated. 

 

Dynamic aging is usually attributed to stress dipoles created near the jamming 

transition, which results in a temporal evolution to a slower dynamics with more hyper-

diffusive mechanism. Polymer nanocomposites have shown to exhibit significant aging at 

high particle loadings. In XPCS measurements, aging manifests as a shift in the 

correlation function at different measurement times. Figure 6.3 displays the auto-

correlation functions for bare-SiO2 and PMMA adsorbed SiO2 in PEO at 75 and 140 oC, 

which shows same scattering profiles from different areas of samples.  
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Figure 6. 1. SAXS patterns for (a) bare SiO2 and  (b) PMMA adsorbed SiO2 at two 

temperatures. The rectangular area shows the region used to obtained auto-correlation 

functions.  
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Figure 6. 2. (a) SAXS intensity curves for bare and PMMA adsorbed SiO2 in PEO at 75 

and 140 oC obtained from different areas of a sample. (b) Comparison of SAXS curves at 
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different temperatures. Inset panel shows the fit to one-level unified equation for PMMA 

adsorbed particles in PEO. Curves are shifted vertically for clarity.  

 

Figure 6. 3. Overlaying of auto-correlation functions of (a) bare SiO2 and (b) PMMA 

adsorbed SiO2 in PEO at 75 oC and 140 oC temperatures obtained at different sample 

locations presents no dynamic aging during measurement time. 

Auto-correlation functions and fitting parameters for all temperatures are 

displayed in Appendix A5. Relaxation behavior of the bare and PMMA adsorbed 

particles at 75 oC (T<Tg,PMMA) and 140 oC (T>Tg,PMMA) at q = 0.004756 Å-1 are compared 
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in Figure 6.4. Three qualitative differences are noticeable directly from the correlation 

data:  

(i) At low temperature, the correlation decreases very rapidly for PMMA 

adsorbing particles compared to bare particles. This behavior, 

interestingly, reverses at high temperature where the correlation decreases 

at much slower rates for the PMMA adsorbing particles.  

(ii) Relaxation time for PMMA adsorbing particles at low temperature is 

much shorter than for bare nanoparticle, whereas at high temperature bare 

particles relax in shorter times.  

(iii) Relaxation time for bare nanoparticles decreases with temperature, while 

relaxation time for PMMA adsorbing particles increases with temperature. 

(see Appendix A5 for all temperatures). 
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Figure 6. 4. Comparison of auto-correlation functions of particles at (a) 75 oC and (b) 

140 oC at q = 0.004756 Å-1. Lines are fits to the stretched/compressed exponential 

function.  

The fitting parameters, , and , obtained for 75 oC are shown in Figure 6.5 and 

Figure 6.6. Presence of glassy PMMA on nanoparticles changes the relaxation of 
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particles from diffusive (
2~ q and  ~ 1) to hyper-diffusive mode, where  is ~ 2. 

Diffusive motions of bare nanoparticles are expected since particles are large and not 

affected by the bound PEO layer, thus experience viscosity of PEO matrix. However, 

with the glassy PMMA on fillers, particle relaxation becomes hyper-diffusive (  > 1). 

This kind of dynamics is observed in complex fluids near their jammed state suppressing 

the fast relaxation modes, which leads to larger jump distances resulting in faster than 

exponential relaxation. In our case, the bound PMMA on nanoparticle surfaces is frozen, 

thus nanoparticles feel the surrounding glassy PMMA, which results in a highly 

compressed exponential. The rather surprising result is that how very thin (~2nm, see 

Chapter 4) glassy PMMA layer on 55 nm particles can affect the particle dynamics in 

PEO. Our results suggest that dynamics of nanoparticles in polymer melts are primarily 

determined by local polymer dynamics in the interphase rather than the matrix chains.  
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Figure 6. 5. Stretching exponent ( ) at different wavevectors at 75 oC. 
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Figure 6. 6. Wavevector dependent relaxation time, , for different particles at 75 oC 

obtained from the decay of the auto-correlation function.  

Figure 6.6. shows the diffusive character of bare particles in PEO at 75 oC. 

Particles with glassy PMMA experience slowing down in relaxations and two dynamic 

modes are seen in Figure 6.6. At high q, relaxations scales with ~ 
-1q ; relaxations at 

larger lengths (of low q) experience the viscous PEO. While the mechanism of this 

behavior needs further experiments on particle and polymer dynamics, it is worthy to 

note that relaxation time for PMMA adsorbed particles increases with temperature 

contrary to that seen with bare particles (Figure 6.7). The long diffusive relaxation times 
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for PMMA suggest a viscosity increase within the interphase region at 140 oC. This is in 

fact consistent with our rheology results presented in Chapter 5, where we showed that 

the viscosity increases at high temperatures due to dynamic coupling of PEO with 

adsorbed PMMA chains. The stretching exponent for bare silica fluctuates near  ~ 1 

(Figure 6.8), while particles with dynamically asymmetric interphases shows a stretched 

exponential with  ~ 0.75-0.5. We propose that a slower relaxation in a medium allows 

multiple relaxation modes which may be caused by possible gradient of mobility around 

nanoparticles, created by the coupled dynamics between chains of very different 

relaxation rates. In conclusion, local viscosity gradient (changes) in the asymmetric 

interphases is the leading factor in controlling the macroscopic mechanical properties.  
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Figure 6. 7. Wavevector dependent relaxation time ( ) for bare and PMMA-adsorbed 

SiO2 particles at 140 oC, obtained from the decay of the auto-correlation function.  

Figure 6. 8. Stretching exponent, , at different wavevectors for the particles at 140 oC. 

6.4. Chapter Conclusions and Future Work 
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probed. Bare SiO2 nanoparticles follow diffusive dynamics, with 
-2

scaling and  ~ 1, 

and exhibit decreased viscosity with increase in temperature. The presence of glassy 

bound PMMA unusually results in a hyper-diffusive motion with  ~ 1.5-2 and decreased 

relaxation time compared to bare particles which is attributed to a reduced viscosity of 

PEO around nanoparticles due to dynamic decoupling of PEO chains from the frozen 

PMMA at the surface. This slow and stretched dynamics is explained by the dynamic 

coupling of PEO with slowly relaxing PMMA chains resulting in an increased local 

viscosity around the particles.  

In the coming beamtime, the samples containing different molecular weights of 

adsorbed PMMA (10 kg/mol, and 200 kg/mol and their bimodal combination) will be 

tested at 10 oC increments between 75 oC and 150 oC. We will also prepare particles 

adsorbing bimodal chains of different viscosities to investigate how chain length 

asymmetry of the bound polymer together with the dynamic asymmetry influence 

nanoparticle relaxation.  
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CHAPTER 7 

CONCLUSIONS AND OUTLOOK 

7.1. Thesis summary 

This dissertation uses model attractive polymer nanocomposites with uniform 

nanoparticle dispersion to underpin the role of interphases between the surface-bound and 

bulk polymer on polymer relaxation and examines interphase dependent strategies to 

obtain novel responsive and adaptive mechanical behavior of composites composed of 

non-responsive components. In particular, this work focuses on bulk rheology of 

nanocomposites in response to large amplitude shear and varying temperature to 

modulate particle-polymer interphases. Four different cases of interphases are considered; 

the main findings and implications from each are summarized and graphically 

represented below:  

Repulsive composite (no interphase): We started with a repulsive nanocomposite 

(PS-Silica), where formation of interphase is unfavorable. By employing large amplitude 

oscillatory shear (LAOS) on this composite system, we distinguished polymer and 

particle contributions to the intra-cycle elastic stress. We found that, in the absence of 

interphase, particles coalesce under shear flow and re-disperse in quiescent, along with 

softening and recovery of the stress. Three different deformation regimes appear for the 

repulsive composites: an initial stress rise, yield-like softening and flow at intermediate 

strains and strain-stiffening at large strains. The initial stress-rise, attributed to the 

elasticity of the stiff-particle network, is linearly dependent on nanoparticle loading and 
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is absent in neat polymer. The strain-stiffening at large strain, which is due to finite 

extensibility of the polymer chains, is common for all composites and the neat polymer. 

 A mechanistic model, combining the non-linear deformation models for polymer and 

particle network, is proposed to explain the intra-cycle response. Deform-rest-deform 

cycles with varying rest times, together with the structural information and elastic 

properties at initial, deformed and rest states, further substantiated the distinct role of 

particle and polymer within an average LAOS cycle. Moreover, we compared the non-

linearities obtained from our physical model to the mathematically obtained non-linear 

parameters, such as Chebyshev polynomial coefficients: the appearance of 5th order 

harmonics in Fourier Transform Rheology (FTR), may be due to the stiff-particle 

network contribution at small strains while the 3rd order harmonic is likely because of 

non-linear chain deformation.  

Monomodal interphase: Applying similar LAOS protocol on our model attractive 

system, PMMA-Silica, results in an atypical self-stiffening after large shear as 

interphases grow in time due to enhanced topological interactions near nanoparticles. We 

systematically studied the effects of confinement parameter (ID/2Rg), resting time, strain 

amplitude and particle size. The extent of stiffening strongly depends on ID and resting 

time; however, the rate of stiffening is found similar for all loadings except for 30 wt%  

(corresponding to ID<2Rg) when ID is normalized to an equivalent diffusion distance.  

Unlike PS-Silica, this system does not display yield-like intra cycle behavior; thus 

lacking direct particle contribution. SANS results revealed that averaged chain 

conformation does not change and remains Gaussian after shearing and resting. FTIR 
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suggests enhanced loop concentration at stiffened states compared to initial undeformed 

states. Our results suggests that large periodic shear can be used both as a process to tune 

the interphases within the same particle dispersion and as a tool to obtain rheological 

properties while the interphases evolve. The interfacial self-stiffening mechanism has far 

reaching implications in designing stress-responsive and adaptive bioinspired materials 

from non-responsive constituents.   

Bimodal interphase: The chain-length asymmetry within the bound layer allowed 

modulating the interfacial entanglements. Instead of using large shear, here, we tuned the 

interfacial entanglements by adsorbing bimodal PMMA of varying short (unable to form 

loops) and long (able to form loops) chains on nanoparticles and dispersing them, at same 

core loading, in monomodal PMMA matrix. Increasing loop forming long chain 

concentration on nanoparticles resulted in improved elastic moduli in the linear and non-

linear properties. This approach is novel since nanocomposite mechanical properties can 

be tuned within orders of magnitude only by changing the relative fraction of long and 

short chains without changing polymer-nanoparticles interaction, nanoparticle loading or 

dispersion state.  

Dynamically asymmetric interphase: In the last set of nanocomposites, we 

investigated the role of relative mobility between adsorbed and matrix chains to 

interphase formation, hence, the stiffening. We adsorbed nanoparticles with a high-Tg 

polymer (PMMA) and uniformly dispersed them in a miscible low-Tg matrix (PEO). By 

modulating the temperature around the Tg of the PMMA, we were able to probe the cases 

where bound-polymer is glassy and mobile within the same system. These 
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nanocomposites exhibit an unusual reversible liquid-to-solid transition at temperatures 

above Tg 's of both polymers. Mechanical adaptivity of PEO nanocomposites to 

temperatures underlies the existence of dynamically asymmetric bound layers on 

particles, and more importantly their impact on mechanical behavior, which sets these 

materials apart from conventional polymer composites that soften upon heating. These 

results suggest that the mobility of the surface-bound polymer is essential for 

reinforcement contrary to commonly accepted glassy-layer hypothesis. Finally, we 

dynamic coupling/decoupling within blend interphase significantly affects relaxation 

behavior of PMMA adsorbed nanoparticles. Measurements at different temperatures on 

composites with PMMA suggest anomalous faster particle relaxation compared to 

conventional bare silica-PEO composites, when dynamic confinement is effective at low 

temperature. Bulk mechanical properties can, therefore, be explained at the nanoscale 

level with the interphase dynamics reflecting on particle relaxations as measured in 

XPCS.  
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Figure 7. 1. Summary of the systems studied in this thesis and the main findings. 
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7.2. Suggestions for future work 

Interfacial dynamics of polymers are of fundamental importance and many 

questions are yet to be answered. The mechanisms on the model systems presented here 

set the stage for further studies on polymer nanocomposites to deeply understand the 

governing mechanisms and discover new routes for adding more functionalities in these 

technologically relevant soft materials. Some exciting directions for future work are 

summarized below: 

Using anisotropic particles. We investigated the spherical nanoparticles in our 

studies to systematically vary the confinement parameters by avoiding direct particle-

particle network in attractive system. Using percolated anisotropic nanoparticles at small 

volume concentrations, breaking of the particle network can result in initial softening that 

was not seen in well-dispersed PMMA-Silica. It would be interesting to obtain softening-

recovery-stiffening within the same material system. In addition, the stress recovery with 

anisotropic structures would be much different than with the spherical nanoparticles. 

Furthermore, the anisotropic particles may be oriented under large shear flow as opposed 

to coalescence of isotropic particles seen in Chapter 2.   

Stiffening in polymer-nanoparticle solutions. While we investigated the large 

shear behavior in melt form, self-stiffening concept can be applied to entangled attractive 

polymer-nanoparticle solutions. High adsorption/desorption rates of the bound chains 

may enhance the kinetics of stiffening; however, desorption of surface chains in solution 

would be a challenging task as viscous forces are highly dominant, causing sliding of 

rather than stretching. Light cross-linking of the matrix polymer can be an alternative.  
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Self-stiffening composite hydrogels: Stress-responsive and adaptive hydrogels can 

be designed to provide on-demand stiffness. For this purpose, PEG (a low Mw analog of 

PEO) and PVAc miscible system can serve a good model system as PVAc has Tg  ~ 40 C 

and miscible with PEG. Plasmonic nanoparticles (e.g. Au) or magnetic nanoparticles, 

(e.g. Fe3O4), can be used to induce local heating via photo-thermal or magnetic heating. 

In previous work, we showed that temperature at particle surface can exceed 50 oC for 50 

nm Au nanoparticles in water media.79 This externally controlled heating can increase the 

PVAc mobility, thus the overall stiffness of the gel. The main difference of our system is 

that the stiffening does not cause significant volume change which is commonly observed 

in other temperature responsive systems.  

Longer-time behavior: Our PMMA-Silica study employed a protocol with shear 

and wait cycles; hence the particle structure did not change in short deformation times. It 

would be interesting to study particle structuring after very long continuous deformation 

times as interparticle bridging can induce particle aggregations. Mechanical moduli at 

different strain levels, from small to large, can be monitored during deformation. TEM 

and SAXS can be used to evaluate structural evolution. By using various chain lengths as 

bound and matrix, complete, structure-property relationship can be proposed for linear 

and non-linear behavior of polymer nanocomposites. Furthermore, such study can reveal 

the life-time of bound layers of different chain lengths in melt. 

Dynamics within interphases of attractive nanocomposites. The origins of 

mechanical properties of composites can be investigated by tuning their interphases under 

shear deformation. The confined chains within this transitional region influences the bulk 
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microscopic relaxation dynamics of polymers.  Neutron Spin Echo (NSE) spectroscopy is 

a useful technique as it measures single chain intermediate dynamic structure factor of 

polymers. The mobility of the stiffened interphase layer (after applying series of cyclic 

oscillatory deformations) will be different than the mobility of an adsorbed (bound) layer. 

The coherent single chain dynamics of a polymer can be investigated using the NSE 

technique. These measurements yield information on the Rouse dynamics of the polymer, 

and, if entanglement exist, the reptation tube diameter are obtained. Previous NSE study 

from Krutyeva et al.108 on polymer dynamics in confining anodized aluminum oxide 

(AAO) pores proposed a two-phase model to obtain the extent of the interphase layer. 

Our nanocomposites are similar to their system, yet the confinement effect is induced by 

nanoparticles. Therefore, by changing the ID and applying shear-and-rest deformation 

protocol, growth of the interphase layer can be observed in NSE. The contributions from 

the interphase and bulk can be obtained from the total scattering 

free confined
RouseS(Q,t)=f.S (Q,t) +(1-f).S(Q,t)  where S(Q,t) is the coherent dynamic structure 

factor and f is the fraction of bulk chains. At different stages of stiffening, the evolution 

of the parameter f can be mapped and direct observation of interphase growth after shear 

can be realized.  

Using bimodal matrix chains. Dynamics of bimodal chain lengths of polymers 

have been well studied in melt and solution form where tube models such as constraint-

release and double-reptation successfully apply. Depending on the chain length 

asymmetry and volume fraction of chains, self-entangling or swelling of chains may 

occur. In this study, we used bimodal polymer chains only on nanoparticle surface to tune 



142 

 

 

interphases. An interesting study would be to use bimodal matrix of short and long chains 

and monomodal bound layer. In particular, when long-chain adsorbed particles are 

dispersed in bimodal matrix, the exchange of short and long chains on nanoparticle 

surface may occur. Effective increase of matrix molecular weight during shearing may 

result in dramatic increase in viscosity. However, after long time annealing, the adsorbed 

short chains may be replaced with long chains, and composites may soften in quiescent. 

Such reversible on-demand strengthening may find applications in high strength 

structural composites as well as biomaterials.  

Thin films of dynamically asymmetric interphases. Thin films are commonly used 

to study the dynamics and structure in confined media. Interfacial thermal-stiffening 

mechanism presented in this thesis can be explored in thin films to further study the 

confinement and dynamic coupling effects on glass-transition and aging. Dynamically 

asymmetric thin polymer blend films have been recently studied in terms of surface 

segregation of polymer grafted nanoparticles grafted.171 To the best of our knowledge, 

there is no thin film work on dynamically asymmetric interphases as in our PEO-Silica-

PMMA system in Chapter 5. Thin film analog of our interphases can be created in bilayer 

form with thin layer of PMMA and PEO with varying thickness. Similarly, PMMA can 

be replaced with PVAc which has Tg close to ambient temperature; Atomic Force 

Microscopy (AFM) indentation studies can be employed to probe the temperature 

dependent elasticity and possible dimension changes, such as buckling or wrinkling.  

High-temperature shape-memory. Shape memory polymers have emerged as an 

important class of responsive soft materials. In order to fix the deformed shape, material 
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needs to undergo a rapid transition from soft to hard state usually by cooling/heating. 

Crystallization and glass-transition are widely used to fix the deformed shape. Melting of 

the crystalline domains or softening above Tg allows recovery of the permanent shape if 

polymer is elastic at high temperature, which enables a memory. As uncross-linked 

polymers lose memory at higher temperatures due to viscous flow, the shape-memory 

remains only effective near Tg. Our thermal-stiffening mechanism can provide an 

interesting system by allowing on-demand elasticity at temperatures well above Tg of 

both surface and matrix polymers. Tunable liquid-elastic transition shown in this thesis 

may allow designing shape memory polymers for multiple temporary shapes.  
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APPENDICES 

Appendix 1 

Non-linear (large amplitude) deformation analysis5 

In a typical small amplitude oscillatory shear experiment, a sinusoidal strain ( (t) 

= 0sin t) with strain amplitude ( 0) and a frequency ( ) is applied to the sample and 

resulting stress response is measured. For viscoelastic materials, stress response is also 

sinusoidal but presents a phase shift with the imposed strain, (t)= 0sin( t+ ). In-phase 

and out-of-phase components of total stress are calculated as el(t)= 0sin( t).cos( ) and 

vis(t)= 0cos( t).sin( ), respectively; and originates from the elastic (solid-like) and 

viscous (liquid-like) behavior. Correspondingly, elastic (storage) and loss (viscous) 

 = 0/ 0).cos(  = 0/ 0).sin( ). Similar to the linear 

viscoelastic measurements, a sinusoidal strain ( (t) = 0sin t) is applied in a typical large 

amplitude oscillatory shear test. The strain amplitude is chosen to be greater than the 

maximum limit of the linear viscoelasticity ( 0> 0,linear). Stress response to large strains is 

still periodic but not purely sinusoidal. Thus, elastic and viscous components of total 

stress cannot be obtained directly as in the case of small periodic deformation. Instead, 

stress can be decomposed into its purely elastic and viscous components by using 

geometric arguments.36 This method utilized the idea that elastic stress should exhibit 

                                                 

5 Senses, Erkan, and Pinar Akcora. "Mechanistic model for deformation of polymer nanocomposite melts 
under large amplitude shear." Journal of Polymer Science Part B: Polymer Physics 51.9 (2013): 764-771 
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odd-symmetry with respect to sin( t) and even symmetry with respect to cos( t) and that 

viscous stress should exhibit odd-symmetry to cos( t) and even symmetry to sin( t). 

Stress decomposition is performed by using MITLaos software39 and modulus is 

calculated from the elastic component of the total stress.  

Since sample is deformed during 20 cycles of deformation in each step, only 

initial few cycles contain information about structural evolution in the previous rest time; 

thus, we analyzed the LAOS response averaged from the stress response between the 2nd 

and 5th cycles as follows: 
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Figure A1. 1. Time evolution of stress response of homopolymer and 15 wt% 

composition at strain 5 and frequency 1 rad/sec for the initial stage. Enlarged area is the 

first four cycles used for LAOS analysis of the raw data. 

Because the elasticity in particles and polymer chains has energetic and entropic 

origin, respectively; they contribute deformation at different strain levels. Hence, the 

local moduli are calculated in the limits of minimum and maximum strains from the 

elastic stress-strain curves for the averaged LAOS cycle as 
0

limd d    and 0 0( ) , 

respectively. 

We specifically were very careful about experimental artifacts. We chose parallel-

plate for our deformation geometry because cone-and-plate configuration is not suitable 

for large deformation experiments on polymer composites since any particle aggregates 

near the center of the cone may cause catastrophic normal forces. We also considered the 

existence of wall-slipping during the measurements. Wall-slip may occur in particle-

filled systems where the particles move towards the plates and create larger shear rates. 

In the case of wall-slipping, the response mostly comes from the inhomogenous 

deformation region and total stress decreases considerably. Existence of wall-slip can be 

checked by measuring the stress responses at different sample thicknesses. For our 

samples of different thicknesses (ranging from 1.2 mm to 0.6 mm), we have not observed 

any systematic stress decrease due to sample thickness; on the contrary our samples get 

stiffen. These experiments revealed that wall-slip do not play a factor in our study. 

Finally, other instabilities such as shear banding, crazing, edge fracture in sample were 
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eliminated by employing the deformation at temperatures well above the glass-transition 

temperature of polymers. Such instabilities are mostly observed at glassy state of 

samples.  

 

Figure A1. 2. The storage modulus and loss tangent behavior of homopolymer and 

nanocomposites with 2, 7 and 15 wt% fillers as a function of frequency.  

The diffusion constant of non-sticky particles in liquid polymer can be estimated 

as 8 nm2/sec at 443 K by using the Stoke-Einstein relation D = kBT / 6 R . It should be 

noted that the diffusivity of the strings would be much smaller than this value. The 

diffusion length for the longest waiting time (2000 sec) can be approximated by using the 

relation x ~ (Dtres)
0.5. The characteristic diffusion length is found to be ~ 120 nm. This 

prediction of diffusion length suggests that segregation of clusters can occur during the 

long resting times.  
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Appendix 2 

Table A2. 1. Parameters of one-level Beaucage unified fits to the SAXS patterns of the 

undeformed composites.  

Silica wt.% Rg (nm) p 

2 8.8 4 

7 10.3 4 

15 7.72 4 

 

Radius of gyration of polymer 

Radius of gyration (Rg) of polymer is calculated theoretically as 5.14 nm from the 

reported172 Kuhn length (b=1.7 nm) and the molecular weight of a Kuhn monomer (M0 = 

655 g/mole) by using the relationship Rg=(Nb2/6)0.5 for a Gaussian coil where N = M/M0 

refers to the number of Kuhn monomers. Thus, the size of the polymer, 2Rg, is 

determined to be ~11 nm. This number was confirmed experimentally with the 

hydrodynamic size of a dilute PMMA solution in MEK measured by DLS and converted 

to the radius of gyration of a Gaussian coil with the relationship Rg = 1.54Rh. 
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Figure A2. 1. (a) Elastic modulus as a function of waiting time for the PMMA-SiO2 

composites prepared with 56 nm particles. (b) Elastic moduli normalized with initial 

values.  

 

Figure A2. 2. Time-sweep experiments on PMMA-Silica composites performed at 10 

rad/sec showing at 210 oC. 
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Figure A2. 3. SANS profiles from the hydrogenated composites (with 13 nm silica) after 

deformation provide the scattering from the silica nanoparticles. Lines represent the one-

level Beaucage unified fits.  

 

Table A2. 2. One-level Beaucage unified fits to SANS profiles for the deformed samples. 

Silica wt% Rg (nm) p 

7 7.96 4 

11 7.13 4 

15 6.53 4 

30 21.3 4 
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Estimation of Reptation time and Diffusion Constant 

The rep) and diffusion coefficient (Drep) of PMMA can be estimated from 

linear viscoelastic data. Frequency sweep data measured at 210 oC is shown in Figure 

A2.3. The entanglement (plateau) modulus (GN) is 200 kPa at this temperature. The zero 

*) as shown in the inset. Reptation time is related to GN 

 = 2
rep GN rep is calculated 0.02 sec at 210 oC. 

 

Figure A2. 4. Frequency sweep experiment for PMMA homopolymer at 210 oC. The 

inset shows the complex modulus.  
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Figure A2. 5. Small-angle neutron scattering (SANS) profiles of the PMMA 

nanocomposites with (a) 13 nm and (b) 56 nm SiO2 before (black symbols) and after (red 

symbols) deformation. The fits are the Debye functions. Error bars are smaller than the 

symbol sizes. 
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Figure A2. 6. Radius of gyration of the polymer determined from the Debye fits as a 

function of particle concentration. The filled and open symbols represent undeformed and 

deformed composites, respectively. The circles are for 13 nm and triangles are for 56 nm 

particles.  

Further discussion on non-linear (large amplitude) deformation method 

We specifically were very careful about experimental artifact due to sample 

deformation and rheological instabilities. We chose parallel-plate for our deformation 

geometry because cone-and-plate configuration is not suitable for large deformation 

experiments on polymer composites since any particle aggregates near the center of the 

cone may cause catastrophic normal forces. It was also shown that multiplying the stress 

in LAOS by a factor of 3/2 may account for shear inhomogenities in parallel plates 173,174. 

The non-linear response from parallel plate and cone-and-plate geometries were 

compared by using series of non-linear deformation experiments by Ewoldt et al.175 and it 
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was shown that the response is almost identical for both. This is due to the fact that the 

non-linear response dominates quickly for the parallel plate geometry. We also 

considered the existence of wall-slipping during the measurements. Wall-slip may occur 

in particle-filled systems where particles move towards the plates and create larger shear 

rates at the plates. The response mostly comes from the inhomogenous deformation 

region and the total stress decreases considerably. The existence of wall-slip can be 

checked by measuring the stress responses at different sample thicknesses. For our 

samples of different thicknesses (ranging from 1.2 mm to 0.6 mm), we have not observed 

any systematic stress decrease due to sample thickness. In fact, our samples get stiffen 

and the TEM images in Figure A2.2 shows no change in particle dispersion. Furthermore, 

we conducted the same deformation-resting protocol on another 15 wt% composition 

with a 25 mm parallel plate geometry with 0.8 mm thick sample and observed that the 

same stiffening behavior as shown in Figure A2.5. These experiments revealed that 

sample thickness or other surface effects such as wall-slip do not play a factor in our 

study. Finally, other instabilities such as shear banding, crazing, edge fracture in sample 

were eliminated by employing the deformation at temperatures well above the glass-

transition temperature of polymers. Such instabilities are mostly observed at glassy state 

of samples where the elastic stress dominates.  
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Figure A2. 7. Comparison of elastic modulus normalized to the initial modulus as a 

function of waiting time for PMMA-Si (15 wt%) composites with 13 nm particles 

deformed using 8-mm and 25-mm parallel-plate geometries. 
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Appendix 3 

Table A3. 1. Fitting parameters for the interphase contribution to the complex viscosity. 

 For Interphase 

L 0 K m 
1 24489.91 2.72921 0.72 

0.95 38762.75 2.15014 0.72 
0.85 24625.23 1.7276 0.72 

0.7 30103.35 1.94921 0.72 
0.3 11480.2 1.60544 0.72 

0 4417.614 0.10134 0.72 
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Figure A3. 1. Linear elastic modulus and loss tangent of nanocomposites with 12/2.6 

kg/mol PMMA blend adsorbed on SiO2 (55 nm) nanoparticles dispersed in 28 kg/mol 

PMMA (T = 210 oC). Particle loading is 30 wt% in all composites. 
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Figure A3. 2. Glass transition (Tg) and fictive (Tf) temperatures of nanocomposites with 

varying long chain concentration in bound layer.  
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Figure A3. 3. Ratio of the storage moduli for composites with different long chain 

concentrations on particle surfaces relative to all-short chains adsorbed particles. The 

ratios are determined from the linear viscoelastic data at 0.1 rad/sec frequency. 
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Appendix 4 

 

Figure A4. 1. SEM images showing well dispersion of polymer coated particles in PEO 

matrix. 20 wt%, 30 wt% and 50 wt% SiO2 adsorbing 68 kg/mol PMMA and 30 wt%  

bare SiO2. 
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Figure A4. 2. Dynamic light scattering (DLS) and thermal characterization of pure 

components and polymer adsorbed particles.  (a) Hydrodynamic sizes of PEO, PMMA, 

bare SiO2 and polymer adsorbed SiO2 in dilute solutions. (b) Adsorbed polymer masses 

on nanoparticles are measured by a thermal gravimetric analyzer (TGA). (c) Weight loss 

(degradation) profile of neat PEO with temperature at 5 oC/min. (d) Glass transition 

temperatures of 2 and 68 kg/mol PMMA homopolymers using a DSC. 
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Figure A4. 3. Stiffening response from short adsorbed chains. (a) Dispersions in 

composites with 9.6 kg/mol (D: 1.06) PMMA adsorbed SiO2 are shown in SEM images. 

(b) Elastic moduli and loss tangents of composites with 9.6 kg/mol PMMA adsorbed 

SiO2 with increasing temperature.  
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Figure A4. 4. Elastic response to thermal cycles. (a) Elastic modulus for 50 wt% 

composite in response to temperature presents stiffening behavior under particle induced 

confinement (ID/2Rg<1). (b) Complex viscosity behavior of 40 wt% composite upon 

heating and cooling cycles (5 oC/min) follows the same heating and cooling paths 

(reversible) with clear hysteresis around Tg,PMMA.  (c) Elastic moduli response to 

temperature is similar to a rubber-like behavior.  
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Figure A4. 5. Growth rate of elastic moduli with stepwise temperature changes. (a) 20 wt% 

and (b) 30 wt% composite upon heating above Tg of PMMA. (c) Isothermal response of a 

50 wt% composite at a longer waiting time. (d) Step temperature response of pure 

PMMA at the same temperature range shows that PMMA reaches its equilibrium 

modulus readily at each temperature step. (e) Step-temperature response of pure PEO and 

PMMA shows a similar equilibrium modulus at isotherms.   
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Figure A4. 6. Chain length effect on isothermal stiffening. Step-temperature response of 

a 40 wt% composite with (a) 200 kg/mol and (b) 10kg/mol bound PMMA on particles. (c) 

Corresponding aging rates are shown on an Arrhenius graph for a 40 wt% composite 

adsorbed with 10, 68 and 200 kg/mol PMMA. 
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A literature Review on blend miscibility and dynamics 

This section reviews major experimental and theoretical works on miscible 

polymer blend systems, specifically for the PEO-PMMA system, in terms of their 

contribution to miscibility and component dynamics below and above Tg of the blend.  

PEO-PMMA miscibility has been investigated by various researchers. Cimmino 

et al.143,176 determined that the blend (with Mw,PMMA = 130K and Mw,PEO ~ 20 K) is an 

LCST type with the critical temperature 350 oC. Fernandes144 et al. also observed the 

miscibility of 300K PEO and 100K PMMA up to LCST temperature of 230 oC by cloud 

point analysis and glass-transition measurements. Although early studies suggested that 

the blend is miscible down to room temperature, NMR177 and PALS178 studies later 

reported heterogeneous domain size of 2-50 nm in amorphous phase at room temperature. 

Following this, Hopkinson et al.179 reported an UCST temperature 47-77 oC for blends 

having Mw~120K at blend ratios 0.1-0.27.  The main difficulty for determining the 

141 

system (with Mw,PMMA = 145K and Mw,PEO ~ 125K) to be ~ (-1 to -5 ) x10-3  and 

independent of temperature, suggesting that the entropic contributions dominate. This 

negative and negligibly small interaction parameter is also the main reason for possible 

concentration fluctuations, which has been used to explain the dynamic heterogeneities 

and unusual dynamics of PEO in the blend. Most recently, Richter142 confirmed by SANS 

that the PEO-PMMA system (with Mw ~ 25 K) is an LCST type with TLCST = 400 oC at 

25% PEO concentration in the blend. They also reported that the PEO crystallizes below 

57 oC at concentrations above 30 vol. %. Dynamic studies on PEO-PMMA blends are 
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mainly limited to PMMA-rich systems with PEO concentrations lower than 30%. This is 

mainly because PEO crystallized above 30% concentration.  

Note that the early studies on miscibility of the blends relied on the presence of 

two glass transitions. It was generally assumed that two distinct peaks arise from 

immiscibility of the components; however, this rule of thumb was later shown to be 

unreliable by Lodge and coworkers180,181. Two Tg  are shown to exist in many 

homogenous blend systems, including homopolymer blends of different molecular 

weights and polymer- g. In the case of PEO-

g ~ 180 oC, and two distinct Tg  are expected to appear at intermediate 

blend ratios. Each Tg corresponds to Tg of each component that is modified by blending. 

This is often called effective glass transition, Tg,eff , by Lodge and McLeish 139. Briefly, 

the Lodge-McLeish model proposes that a segment of one-type in a blend is locally 

enriched by its own kind due to chain connectivity. The properties that are composition 

dependent, such as Tg, would thus reflect this self-concentration effect. The length scale 

for this is on the order of Kuhn length of the chain. This model appears to well-explain 

the experimentally observed two glass transitions in many other polymer blends (e.g. 

PS/PVME182, PI/PVE183) and even in solutions (e.g. PS/toluene, PS/dibutyl, and 

PS/dimethyl phthalate184). In our system, PMMA is only adsorbed on nanoparticle 

surface with the ratio of its weight to silica ~ 15/85 (for 68 kg/mol PMMA on 55-nm 

silica). For the largest concentration of silica, which is 50 wt% in nanocomposite, the 

ratio of PMMA that is mixed by PEO at the interphase is less than 10%. Thus, the matrix 
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phase significantly suppresses the PMMA signal in DCS traces. This explains the lack of 

Tg,PMMA in our composites.  

 Dynamic Heterogeneities and Anomalies in Miscible Polymer Blends 

PEO-PMMA system has been widely investigated because of its complete 

miscibility (negligible interaction parameter) and large Tg g ~ 180 oC 

(dynamic asymmetry). Despite an earlier rheological study185, Colby186 reported on an 

80% PMMA-PEO blend that the time-temperature-superposition fails to describe the 

overall relaxation behavior. He attributed this unusual behavior to separate friction 

coefficients corresponding to each component and their dissimilar temperature 

dependence187. Following this report (~ 25 years ago), various different techniques, such 

as rheometry, Nuclear Magnetic Resonance, dielectric spectroscopy and Quasi-elastic 

Neutron Scattering, have been employed to investigate the relaxation behavior of 

individual components in their blends relative to their pure forms at various composition 

and temperature ranges.  

There are mainly three hypotheses to explain the origin of dynamic 

heterogeneities. Those are mostly based on the local composition differences that are 

different than the bulk composition. In one theory, the thermally driven concentration 

fluctuations138 may be the cause. This is 

g , which is the case for PEO-PMMA.  The length scale is ~10nm around Tg, blend. 

The Lodge-McLeish model139, as explained in previous section, relies on the self-

concentration effect due to chain connectivity. The relevant length scale in this theory is 
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~1 nm, Kuhn length. Recently, a coupling theory by Ngai and Roland140 has been used to 

explain the dynamic features.  

Early 1H-NMR work by  Lartigue et al.188 reported that the dynamics of PEO is 

highly affected by the presence of PMMA but locally PEO remains highly mobile at the 

blend Tg, revealing highly heterogenous dynamics in the blend near its Tg. Lutz et al.136 

studied, via D-NMR, the PEO local dynamics in the blend for PEO concentrations 

ranging from 0.5% to 30%. Remarkably, they found that PEO segmental dynamics is 12 

orders of magnitude faster than that of PMMA at the blend Tg. More interestingly, the 

dynamics is nearly independent of blend composition even in the infinitely dilute regime, 

where the compositional fluctuations are ruled out. They attribute this behavior to the 

lack of side groups in PEO, which facilities local relaxation of PEO segments within 

frozen PMMA matrix. Ngai and Roland140 later explained this observation by a coupling 

model which combines the effect of chemical and compositional heterogeneities, and 

intermolecular cooperatively. Similarly, Kumar et al.189 further modified the Lodge-

McLeish model by combining concentration fluctuations with the self-concentration and 

found a good agreement between the model and the available data for various miscible 

blends systems, such as PI/PVE, PBO/PVE and PVME/PS. 

Jin et al.190 investigated the cooperative segmental relaxation in 80-20 PMMA-

PEO blend using dielectric spectroscopy and found that the glassy blend undergoes 

significant aging at room temperature.  

Maranas and co-workers191 compared dynamic results from linear blends and 

diblock copolymers with similar composition, which would result in different 
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intermolecular packing. While chain connectivity model nicely 

behavior, the PEO dynamics could not be simply explained within this framework. In 

QENS experiments192, they further tested the validity of the chain-connectivity, coupling 

models and found that PEO dynamics may not be explained by a single length scale as 

suggested by Lodge-McLeish model.  

Lodge et al.133,193 used rheological approach to obtain the terminal relaxation 

behavior of PEO. Simply a high Mw tracer PEO is used in low Mw unentangled blend to 

see its effect on terminal relaxation behavior. They also found that the Lodge-McLeish 

model may not explain the PEO dynamics in the blend. Moreover, their results were 

insensitive to chain end groups.  

Lorthioir and Sy 149,194 first proposed the idea of dynamic confinement based on 

dielectric spectroscopy results on PVDF/PVME and PVAc/PEO systems which also 

exhibit large asymmetry in Tg g 

component at temperatures close to or below its Tg in the blend on the low Tg 

components. Chains with high Tg are considered to be frozen in the timescale of low-Tg 

component so that the fast component is highly mobile within confined regions. The 

length-scale of this confinement is found to be ~1 nm 151 by QENS and molecular 

dynamics simulations.   

Moreno et al.195 showed via bead-spring model based simulation that the large 

size disparity between monomers induces anomalous dynamic decoupling and behaves 

similar to entangling system despite the fact that the chains were in the non-entangling 
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regime. The authors attributed this to memory effects.  These observations were later 

realized in NSE experiments in PEO-PMMA blends196.    

Colmenero et al. recently studies the effect of cross-linking on the chain dynamics 

by using PMMA soft nanoparticles dispersed in PEO matrix. 145,197 It was found in blend 

with 75 wt% PMMA145 that PEO dynamics above Tg of PMMA becomes extremely slow 

by two orders of magnitude slower than pure PEO. Furthermore, chains deviate from 

Gaussian behavior in this regime and dynamics becomes slower as the temperature is 

further increased. Authors attribute this behavior to local traps of PEO chains in the loops 

near the surface of the nanoparticles.145  

Most PEO-PMMA blend studies focused on the confinement and anomalous 

dynamics in the low temperature regime. It was shown by Cohen-Addad198 that at high 

temperatures, relaxation time of the PEO-PMMA blend linearly depends on temperature 

which suggest formation of entanglement network. Mechanical response of our bulk 

composites at high temperatures is also linearly dependent on temperature. We attribute 

this to the entanglements between the interphase chains and bulk PEO. As dynamic 

coupling occurs in other miscible blend systems and homopolymers, the observed 

thermo-stiffening mechanism in our study should apply to other dynamically asymmetric 

blend systems and bimodal homopolymers.  
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Appendix 5 
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Figure A5. 1. Auto-correlation functions of bare SiO2 in PEO at temperatures showing a 

monotonic dependence on temperature.  



173 

 

 

10-3 10-2 10-1 100 101 102

1.00

1.04

1.08

1.12

 75 oC
 90 oC
 120 oC
 140 oC
 160 oC

dt [s]

 

 

Figure A5. 2. Auto-correlation functions of PMMA (68 kg/mol) adsorbed SiO2 in PEO 

display a non-monotonic dependence on temperature.  
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Figure A5. 3. Stretched exponent, , at different wavevectors for (a) bare SiO2 and (b) 

PMMA (68 kg/mol) adsorbed SiO2 at different temperatures.  
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Figure A5. 4. Wavevector dependent relaxation time,  , for (a) bare SiO2 and (b) PMMA 

(68kg/mol) adsorbed SiO2 at different temperatures. 
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