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ABSTRACT 

The correlation between the evolution of crystallite orientation in aramid fibers 

during loading and their mechanical and failure behavior were investigated. Three types 

of as-spun aramid fibers and a heat-treated type were employed with initial distributions 

of crystallite orientations between 16.7º and 9.7º with respect to the fiber axis. These 

directly correlated with the initial moduli that were between 66 GPa and 119 GPa, with 

no correlation between the initial crystallite orientation distribution and the tensile 

strength values that ranged between 3.5 and 4.0 GPa. Cyclic loading of individual, 10 

mm long, as-spun filaments increased their initial moduli, all converging to 100 GPa for 

all fiber types when cycled to 90% of their respective tensile strength values. This 

modulus value (100 GPa) corresponds to a stable crystallite orientation distribution of 

11.6º. On the other hand, the initial unloading modulus of all fiber types when loaded to 

90% of their tensile strength converged to ~165 GPa which approaches the theoretical 

modulus of 220 GPa for monopolymer aramids. This limit value of the unloading 

modulus also signifies the tightest crystalline domain orientation distribution of 6.6º with 

respect to the fiber axis. However, this orientation distribution is not retained upon 

unloading. On the other hand, as-fabricated, post-spun heat-treated fibers had a much 

higher initial modulus of 120 GPa, and an initial unloading modulus of 170 GPa after 

mechanical cycling to 90% of their tensile strength value, corresponding to 5.8º domain 

orientation distribution. In all aramid types, mechanical cycling increased the initial 

modulus by as much as 54% while leaving the tensile strength of each fiber type 

unaffected in the narrow range of the aforementioned initial values. Thus, the limiting 

orientation distribution of ~6º emerges as the controlling factor in tensile failure of this 

class of fibers. Tension tests conducted at different strain rates showed that the permanent 

orientation of crystalline domains at high strains/stresses scales inversely with the applied 

strain rate. Notably, at strain rates of 0.2-0.3 s-1 both as-spun and heat-treated fibers were 

linearly elastic until failure. 

A hypothesis that the fiber tensile strength is controlled by preexisting defects was 

tested by examining the scaling of the tensile strength with the fiber gauge length for 

fibers with lengths in the range of 200 µm to 10 mm. Prior works that were limited to 
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fiber gauge lengths longer than 2 mm, have been inconclusive due to large data scatter for 

short fibers. Controlled tests conducted in this dissertation research with dedicated test 

apparatuses for small scale experimentation, demonstrated a constant tensile strength for 

gauge lengths as short as 200 µm, thus, implying that failure does not obey weakest link 

statistics that are descriptive of critical flaw-induced failure initiation. Notably, in short 

gauge length fibers (200 µm) of all aramid types failure initiation occurred near the skin-

core interface, followed by extrusion of the fiber core from the skin. Thus, the 

microstructural differentiation between the fiber core and the skin presents a likely 

limiting factor in tensile strength of aramid fibers. 

Finally, the shear strength of the fiber core was measured for the first time with 

novel experiments that were designed and implemented with the aid of surface 

micromachined Microelectromechanical Systems (MEMS) devices. Edge notches were 

milled out in individual fibers using a focused ion beam to generate a zone of uniform 

shear stress along the fiber, when the latter was subjected to uniaxial tension. The 

optimum specimen design and specimen geometry were guided by a finite element 

analysis to shape the notch tip such that the stress singularity is eliminated and a uniform 

shear dominant plane is achieved. These unique but also challenging experiments were 

carried out on aramid fibers with the lowest orientation of 16.7º resulting in average shear 

strength of 85±7.6 MPa.  

In conclusion, this dissertation research established new experimental tools and 

methods to investigate the origin of failure initiation in aramid fibers manufactured under 

different conditions. A limiting orientation distribution angle was established for all 

aramid grades, including those that were subjected to heat treatment, while the skin-core 

interface was identified as the weak interface where failure may take place.  
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CHAPTER 1 
 

 

 

1. INTRODUCTION  

Aramid or aromatic polyamide fibers are high performance fibers known for their 

high specific strength and tensile modulus [1-4]. Aromatic polyamides are also called 

rigid rod polymers, or lyotropic polymers, as they show liquid crystallinity in solution 

form [5]. The fibers owe their high strength and stiffness to high molecular orientation 

along the fiber axis, which results in at least partial loading of the covalently bonded 

polymer backbone. Due to their high specific strength, modulus, high temperature 

stability, and cut resistance, aramid fibers have been employed in several applications 

such as tire reinforcements, composite pipes, cable shields, bullet proof vests and 

helmets, flame retardant protective equipment, and cut resistive clothing. In this research 

individual Kevlar® filaments with commercial designations K119, K29, KM2 and K49 

were used as high quality study materials to investigate the factors that control the 

ultimate tensile strength of this class of fibers.  

 

1.1   Structure and Fabrication of High Performance Aramid Fibers  
The backbone of Kevlar® is composed of poly(p-phenylene terephthalamide) 

(PPTA) which is synthesized from p-phenylene diamine and terephthaloyl chloride 

[2,6,7]. The polycondensation product PPTA is washed, dried, and crushed before 

spinning. For better fiber properties PPTA with polydispersity of 2-3 is used to achieve a 

narrow distribution of chain lengths [8]. Paraorientation of the aromatic rings of the 

PPTA macromolecule causes the PPTA chains to be in the trans conformation. 

Moreover, rotation of the PPTA chain around the phenyl-carbonyl and phenyl-nitrogen 

bonds is restricted due to the interactions between sequential phenyl and amine segments 
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resulting in a rigid rod-like structure [3,9-12]. Paraorientation of the aromatic rings not 

only results in rigid rod-like chains but also enable efficient packing resulting in a highly 

crystalline structure [2]. A weight-averaged molecular weight of 40000 g/mol  is used for 

fiber production, resulting in a chain length of ~230 nm for a projected monomer length 

of 1.29 nm [8,11,13]. 

PPTA is dissolved in ³99.8% sulphuric acid (H2SO4) to form the spinning 

solution, also called PPTA/H2SO4 dope [8,14]. A high concentration of H2SO4 is required 

to prevent chain scission by hydrolysis in the presence of water [15].  At 80°C, as the 

concentration of the polymer increases, the dope viscosity increases too until a maximum 

of ~9.5 wt% polymer concentration; up to this point the solution is isotropic. After this 

point, the solution shows an anomalous behavior with a sharp decrease in viscosity due to 

the formation of liquid crystalline domains. In this anisotropic regime, the rod-like 

macromolecules assemble in a parallel order along the backbone axis of the molecules to 

form nematic liquid crystallites [2,8,16]. As the dope polymer concentration increases, 

the viscosity increases again until 20 wt% concentration, at which point solid precipitates 

form in the solution. Spinning of fibers is performed close to this solubility limit (»19.6 

wt%) at 80°C with as many nematic liquid crystallites as possible, as these result in easier 

alignment of the molecular structure along the longitudinal axis of the fiber [8,17].  

PPTA macromolecules show strong intermolecular attraction. Their  rigid rod-like 

structure suggests a limited number of conformations in the melt form resulting in a high 

melting point, before which the polymer is already degraded [8,18]. Therefore, 

conventional melt spinning cannot be utilized to fabricate PPTA fibers. Instead, the fibers 

are solution spun using a dry-jet wet spinning process [2,8], during which the solution is 

pushed through a spinneret into an air gap, finally entering a coagulation bath [19,20] as 

shown in Figure 1.1. The dope experiences shear flow through the spinneret, resulting in 

alignment of the nematic crystallites. Moreover, the presence of the air gap offers the 

opportunity of further alignment by stretching of the filaments through extensional flow. 

Drawing the filaments through the air gap results in significant increase in the Young’s 

modulus of the PPTA yarn [17]. Although solidification may start as the filaments pass 

through the air gap [2], the exact state of the dope that enters the coagulation bath where 
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fiber formation occurs is unknown [8]. During coagulation ~80wt% of the spinning 

solution is removed within the first 25 ms to result in crystallization of the nematic liquid 

crystals into long range highly oriented crystalline fibers. It has been shown that the 

orientation obtained through spinneret and the air gap is kept during coagulation as the 

high rate of coagulation prevents polymer relaxation, while the loss of a large amount of 

H2SO4 results in lateral shrinkage [17,21]. The remaining H2SO4 is removed by washing 

the fibers with water and by spraying with a neutralization agent, NaOH, after which the 

fibers were washed again by water to remove Na2SO4 [22]. Finally the fibers are dried at 

~65°C to remove the absorbed water, which may be performed under a small amount of 

tension. Before winding into bobbins sizing may also be applied onto the fibers [8,15]. 

Although spun fibers do not require post-processing, a brief heat treatment above 350°C 

results in recrystallization and improves lateral order [23]. It has been  reported that the 

highest modulus yarns, K49, are hot drawn after spinning [15]. 

 

 

Figure 1.1 Evolution of liquid crystalline domain structure during the dry-jet wet 

spinning process [24]. Reprinted with permission from Elsevier.  

 



 
4 

1.2   Structural Characteristics of Aramid Fibers 
1.2.1 Crystal Structure 

PPTA fibers are highly paracrystalline, which means crystallinity is observed with 

slight disorder in the long range instead of a two-phase structure composed of amorphous 

and crystalline domains. This is due to the H bonds between the chains in addition to the 

planar phenylene and amide groups that promote order without any amorphous phase 

[8,10]. This argument was supported by the lack of amorphous halos in XRD patterns of 

experimental PPTA fibers [10,18], although other studies suggested the existence of a 

small amount of amorphous phase between crystallites [25]. Northolt et al. span their 

experimental fibers from in-house prepared PPTA and heat-treated those at 500°C to 

study the structure of the fibers using X-Ray Diffraction (XRD) [10,11]. The XRD data 

fit to a monoclinic, or pseudo-orthorhombic unit cell structure with the lattice dimensions 

of    a = 7.87 Å, b = 5.18 Å and c = 12.9 Å with g » 90° as shown in Figure 1.2. Chains 

are connected in the plane by H bonds to form H bonded sheets. These H bonded sheets 

stagger in the out-of-plane direction by van der Waals interactions as well as π-bond 

overlapping of phenylene segments [24,26].  

Although the packing modes can vary for fibers heat-treated at a lower 

temperature, the lattice dimensions were found to be the same [11]. While the c-axis is 

approximately oriented along the fiber axis, a synchrotron XRD study of PPTA filaments 

with ~28 µm diameter showed a ~10° misorientation of the crystalline structure with 

respect to the fiber axis [27]. Using a scanning microdiffraction method across the cross-

section of microdissected K29 and K149 fibers, it was shown that the (200) crystal planes 

are aligned toward the center of the fiber supporting a radially oriented structure along 

the b-axis of the crystallites [28]. Equatorial reflections of the X-Ray diffraction patterns 

of PPTA showed a crystallite size of 50 Å, while broadening of the meridional reflections 

pointed to a paracrystalline model with 1.7% distortion parameter and 700 Å crystallite 

length [12]. For K29 fibers the paracrystalline distortion parameter was measured to be 

5.9%. Annealing of the fibers at 100-400°C for 15 min resulted in 4.6-5.2% 

paracrystalline distortion. Annealing at 400°C resulted in an increase of crystallinity from 
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67.6% to 74.6% with an increase in the lateral crystallite size, suggesting melting of 

crystallites and recrystallization in the lateral direction with heating [29].   

 

 

Figure 1.2 Monoclinic crystal structure of PPTA. The dashed lines between the 

monomers are the H bonds. H-bonded sheets stagger in the third direction due to van der 

Waals interactions and some π-bond overlapping of phenylene segments [11].  Reprinted 

with permission from Elsevier. 

 

1.2.2 Mechanical Properties Derived from Crystal Structure 

Estimating the mechanical properties of fibrous materials from their crystal 

structure has been the subject of numerous studies. For fibrous materials showing a two-

phase sandwich structure of amorphous and crystalline domains, it is the amorphous 

regions that dictate the material properties; hence a Young's modulus an order of 
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magnitude lower than the crystal lattice modulus is common. For aramid fibers, on the 

other hand, a one-phase paracrystalline model composed of crystallites interacting with 

secondary bonds is shown to describe the mechanical behavior satisfactorily [12].  

The chain modulus, E3, for a PPTA macromolecule was calculated as 220 GPa 

[12] following a calculation by Treloar [30] who took into account the effects of bond 

stretching and valence angle deformation. Assuming that the inter-chain interaction is 

predominantly due to H bonds, the transverse crystal modulus, E1 and the shear modulus, 

G, values for PPTA were calculated as 16<E1<29 GPa and 2.4<g<5.7 GPa [12]. Fielding-

Russell, following Treloar’s method, found E3 = 239 GPa, noting that this value can be as 

small as 200 GPa due to an overestimation associated with the calculation method [31].  

Using the shift of the diffraction angle under loading for a bundle, assuming a uniform 

stress state over all fibers, the crystal lattice modulus for PPTA was calculated as 112 

GPa. The extrapolation of sonic modulus measurements to a perfectly oriented fiber state 

gave a maximum fiber modulus of 160 GPa [12]. For these measurements, it should be 

noted that the inhomogeneous stress state inside the bundle may affect the measurement 

significantly, hence resulting in smaller measurements compared to the theoretical values.  

Using the monoclinic structure of PPTA and cell dimensions measured by 

Northolt [10], XRD was utilized to measure the lattice strain at different stresses applied 

to PRD 49, an experimental PPTA fiber, calculating a 200 GPa crystal modulus along the 

chain direction [32]. The measured crystal modulus was close to that of an aliphatic 

polyamide fiber, nylon 6,6, while the observed Young’s modulus values were much 

different, suggesting that the high Young’s modulus of PPTA fibers cannot be explained 

simply by a stiff chain. A more recent study to model the PPTA fibers’ mechanical 

behavior utilized Monte Carlo simulations.  The fiber was constructed of a 3D array of 

units with primary modulus of 200 GPa and secondary shear modulus, due to H bonding, 

of 4.08 GPa. It was observed that the low number of secondary bonds along the length of 

the monomer limit the load transfer efficiency, and a higher molecular weight than 20000 

g/mol is required to obtain higher modulus fibers [33].  
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  Synchrotron X-Ray studies on single K49 fibers verified Northolt’s monoclinic 

crystal structure: assuming the stress in the crystalline regions of the fiber to be equal to 

the applied stress on the fiber, the lattice modulus of the crystalline region along the 

polymer chains was measured to be 156 GPa for stresses below 1.1 GPa. The shift in the 

XRD peak due to the applied stress was perfectly reversible. At higher loads, the lattice 

modulus increased to 199 GPa. Considering that the orientation factor also increased with 

load, it was proposed that the increase in the tangent modulus is not only due to 

orientation improvement but also due to hardening, although the authors proposed that an 

orientation improvement due to stress should be ruled out [34]. WAXD patterns for PPTA 

fibers heat-treated to vary the Young’s modulus showed a direct correlation with the 

paracrystalline distortion factor varying from 2.33% to 1.69% and the initial tangent 

modulus varying between 75-125 GPa. When the plot was extrapolated to 0% 

paracrystallinity, namely a single phase fiber with perfect crystallinity and perfect long 

range order, the modulus was deduced to be equal to 218 GPa which is close to the value 

measured for the PPTA crystal modulus [35]. 

Atomistic simulations and XRD studies of experimental fibers suggested the  

existence of polymorphs which were similar in structure due to the rigid rod-like nature 

of the chain [18,36]. Atomistic simulations for the allomorph closest to the crystal 

structure observed by Northolt provided E1=21 GPa, E2=13 GPa, E3=270 GPa, G1=4 

GPa, G2=19 GPa, G3=5.6 GPa, n12=0.55, n21=0.86, n13= -0.94, n31= -0.07, n23=2.01, and 

n32=0.10, with x3 being the chain direction, and the x1 - x3 plane lies with the H bonded 

sheets. E1 was found to be larger than E2 due to weaker van der Waals interactions along 

the x2 direction. Using these crystal properties, a transversely isotropic fiber was modeled 

for which the chains were perfectly oriented along the fiber axis, while the transverse 

planes were randomly distributed in the cross-section. The elastic constants were 

calculated to be within the bounds: 270 GPa < E3 < 330 GPa, 6.6 GPa <E1=E2 <22 GPa, 

5.2 GPa <G1=G2< 14 GPa, 0.6 <n12 = n21 < 0.66, and 0.46<n13 =n23 <0.54 [37]. A more 

recent study using the same crystal elastic properties predicted 273 GPa <E3< 335 GPa, 

16.7 GPa <E1=E2 < 20.3 GPa, 6.7 GPa <G1=G2 <13.7 GPa, 0.62<n12=n21<0.66, and 0.4 

<n1=n23<0.53. Averaging over the randomly oriented transverse properties gave the Hill-
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Wallpole averages of  E3=309 GPa, E1=E2 =19.7 GPa, G1=G2=12 GPa, n12=n21=0.62, and 

n13=n23=0.51 [38]. Although informative, these calculations do not take into account that 

crystallites cannot be perfectly oriented along the fiber, which results in overestimations. 

The transverse crystal properties have also been measured via using XRD. For instance, 

the Poisson ratio of K29 and K49 fibers was measured as n31 = n32 = 0.31 [39]. 

 

1.2.3 Supramolecular Structure and Skin-Core Differentiation  

The supramolecular structure of PPTA fibers is fibrillar at the fiber core which is 

comprised of crystallites, while the chains are hypothesized to be more oriented in the 

skin region with randomly distributed chain ends lacking crystalline order [15,40]. 

Different conclusions have been reported for the core region: Morgan et al. proposed that 

the core is comprised of circular crystallites ~60 nm in width and ~250 nm long [15]. 

Using scanning tunneling microscopy (STM), Sawyer et al. observed a hierarchical 

fibrillar structure comprised of basic building blocks, microfibrils, in the form of 3-30 nm 

wide and 2-3 nm thick tapes [41]. In this hierarchical model, microfibrils comprise the 

fibrils (500 nm diameter) which, in turn, are the building blocks of macrofibrils (5 µm in 

diameter) that form the individual Kevlar® fibers. Panar et al. proposed a fibrillar 

structure of ordered lamella with defect zones at the chain level, with the fibrillar 

structure superimposed on a pleated sheet structure with a period of ~500 nm [42].  

Dobb et al. [43] further showed by electron diffraction and dark field imaging of 

K49 that the sheet structure may form an angled pleated structure with sheets of  ~500 

nm period that are radially oriented. Polarized light diffraction experiments on single K49 

filaments showed a decreasing scattered light intensity with increasing applied stress due 

to opening and straightening of the pleated structure [44]. Further examination of the 

measurements showed that the integrated light diffraction intensity was constant after 1.7 

GPa applied stress. Considering mechanical conditioning experiments with K49 fibers 

which showed increasing modulus until ~2.2 GPa applied stress but remaining constant 

thereafter, that straightening of the pleated structure was proposed as the reason for 

increasing fiber modulus [44]. Further experiments on K29 and K149 fibers showed that 
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the diffraction intensity profile becomes flatter with lower intensity as the fiber modulus 

increases. Cyclic loading experiments under polarized light suggested that the pleats can 

be restored by unloading and the opening and straightening of the pleats is an elastic 

process [44]. 

During coagulation, the periphery of the fibers may solidify rapidly forming a 

skin region [18]. Selected area diffraction profiles of microtomed sections of 

experimental PPTA fibers showed a gradual increase in crystalline orientation from the 

surface to the center of the fibers, while for the highly oriented, high modulus fibers, the 

difference was less pronounced [40]. Scanning microdiffraction applied to microdissected 

K29 and K149 samples showed a highly oriented periphery, while the change in 

orientation was gradual from the center to the surface, and the skin thickness was similar 

for K29 and K149 fibers [28].  

 

1.2.4 Impurities and Defects in Fiber Structure 

Defects in aramid fibers are divided into defects at the molecular scale and defects 

or structural irregularities at the fibrillar scale. Possible defect types are classified as 

isolated chain ends, side groups, voids, interstitials, and defect bands [9]. Among them, 

the isolated chain ends, the side groups, and the interstitials lie at the molecular level, 

while the voids and defect bands as well as clustered chain ends form weak defect planes 

at the fibril level. According to Morgan’s model, failure starts at the highly ordered skin 

which is under higher stress due to its higher Young’s modulus, and the cracks that form 

travel around the chains in the skin into the core at weak planes that facilitate propagation 

and catastrophic failure [15]. Existence of voids can be examined by measuring the 

density of fibers. The crystallographic density of PPTA is 1.48 g/cm3 while the 

experimental fibers reported by Northolt et al. [10] showed a density of 1.44 g/cm3 

suggesting nonzero porosity in the fiber structure. Finally, using a floatation method, the 

density of K49 fibers was measured as 1.453 g/cm3 [34]. 
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1.3     Mechanical Behavior of Aramid Fibers 
1.3.1 Elastic Behavior 

Early work on modeling of the mechanical behavior of paracrystalline partially- 

oriented polymer fibers utilized aggregate theory of the transversely isotropic elastic 

domains that form a fiber. The domains were misaligned along the axis of the fiber with a 

distribution of orientation angles. Assuming conservation of domain volume during 

deformation and affine deformation, the Young's modulus of a fiber was calculated for an 

orientation-weighted aggregate of crystalline domains [45]. 

Northolt studied the evolution of orientation distribution of PPTA bundles under 

load by XRD and obtained bundle sonic modulus measurements using a pulse 

propagation technique; the sonic modulus of the bundle increased with applied strain 

while the orientation parameter was linear with the dynamic compliance [46]. Using 

aggregate theory for end-to-end connected crystallites along the fiber, which are 

described by an orientation distribution parameter, <sin2q>, relative to the fiber axis, the 

fiber compliance, S33, can be calculated as:  

𝑆"" = 	
1
𝐸"
+ 	𝐴	 sin, 𝜃   (1.1)  

where A is a combined material property for the crystal defined as, 

𝐴 = 	
1
𝐺 −

2 1 + 𝜈2"
𝐸"

  (1.2) 

where E3 is the crystallite modulus along the chain axis, G is the shear modulus for a 

plane containing the axis of symmetry, and n13 is the Poisson’s ratio for a stress applied 

along the axis.  

 The Full Width at Half Maximum (FWHM) value for a Lorentzian fit to the 

azimuthal XRD profile for the (200) peak gives an accurate approximation of the 

orientation distribution parameter, <sin2q> as [46]: 
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sin, 𝜃 = 	2.1141	 sin,(
𝐹𝑊𝐻𝑀
2 )	  (1.3)  

 

 Measured dynamic compliance values vs. orientation parameter for bundles under 

loading showed the same linear relationship, as demonstrated in Figure 1.3 [46]. It was 

observed that E3=240±10 GPa and A=0.26±0.01 m2/ GN fit the data accurately for all 

PPTA fibers. Considering the anisotropy of the fibers, the value 1/A will be a good 

approximation for the shear modulus, G, which would then be 3.8 GPa. One of the 

important results of this study is that for bundles undergoing loading for the second time, 

the dynamic modulus vs. orientation distribution parameter data lie on the same line fit as 

the first loading.  

 

 

Figure 1.3 Dynamic compliance vs. orientation distribution parameter for bundles of 

PPTA with different Young’s modulus. The filled marks demonstrate the behavior during 

the second loading [46]. Reprinted with permission from Elsevier.   

 

Although aggregate models could explain the elastic fiber behavior, the 

deformation of neighboring crystalline domains does not satisfy continuity. Northolt et al. 
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proposed an improved aggregate model in which the fiber is comprised of parallel fibrils 

loaded uniformly along the length of the fiber that are composed of series-connected 

oblong transversely isotropic domains [47]. In this model, the elastic extension of the 

fiber was assumed to be the projection of the elastic extension of the chains in the 

crystalline domains, in addition to the shear deformation of the domains projected onto 

the fiber axis. The latter has a higher contribution due to the low crystalline shear 

modulus set by weak secondary interchain bonding. With this deformation definition, 

continuity between the domains was satisfied. As the fiber is loaded, the domains start 

rotating towards the fiber axis such that the orientation distribution becomes narrower 

and the fiber stiffens. Assuming strongly transversely isotropic domains, such that E3 >> 

G and E3 >> E1, the compliance of the fiber can be modeled as:  

𝑆"" = 	
1
𝐸"
+	

sin, 𝜃
2𝐺   (1.4)  

which is indeed very close to Equation (1.1). 

Taking into account the deformation of all domains with varying misorientation 

angles in a fiber, the strain in the fiber, ef, under an applied stress, sf, can be calculated as: 

	𝜀< = 	
𝜎<
𝐸"
+	

sin, 𝜃
2 1 − 𝑒?

@A
B   (1.5)  

PPTA yarns with different Young’s moduli were cyclically loaded to ~1.8 GPa. 

The reloading curves did not show any hysteresis suggesting that reloading is an elastic 

process. These elastic reloading curves could be modeled fairly well using Equation (1.5) 

using the measured orientation distribution factor at the beginning of reloading and 

E3=240 GPa and G=2 GPa [47].  

Further efforts to understand the elastic fiber behavior used finite deformation 

theory for a long chain of equal length segments forming domains with the surrounding 

chains and having an orientation distribution along the length. The elastic fiber behavior 

model could be further improved as [48]:   
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𝜀< = 	
1
𝐸"
+	

sin, 𝜃
2𝐺

1

1 +
𝜎<
2𝐺

  (1.6)  

 

Considering the long relaxation times of PPTA, the unloading curve was expected 

to represent a nonlinear but elastic process. It was shown that the unloading curve for a 

Twaron 1000 fiber can be  predicted using Equation (1.6) [49].  

Allen et al. [50] modeled the deformation of a fiber as the coupling of shear 

deformation to fiber extension due to the pleated structure resulting in periodic variation 

of orientation along the fiber axis. It was proposed that if the positive and negative values 

of misorientation angles for crystallites are equally probable, the tensile load could not be 

coupled to the shear deformation in the aggregate, hence fibrillar and microvoid nature of 

the structure should also be considered. The fiber modulus of highly-oriented fibers was 

found to follow: 

1
𝐸 = 	

1
𝐸C
+	
(tan, 𝜃)

𝐺 𝑒?,
@
B   (1.7)  

where <tan2q> is a measure of misorientation in the unloaded fiber and Ea is the highest  

fiber modulus measured using a stress perturbation experiment. This value is preferred 

over the crystal modulus as it describes the local order of the fiber close to failure. 

Equation (1.7) was shown to predict the elastic modulus of K49 using a misorientation 

angle for pleated structure as 4.5°, in the range of 4-5° [43]. The elastic constants were 

G=2 GPa, measured by torsion tests on single K49 fibers [51] and Ea=175 GPa, obtained 

from stress perturbation experiments. 

 

1.3.2 Fiber Yielding  

A typical curve for loading-unloading of PPTA fibers is demonstrated in Figure 

1.4 for strain rates smaller than 0.05/min. The fiber stiffness decreases at ~0.4% strain 
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when hysteresis also begins. When the strain exceeds the maximum strain applied in the 

previous loading step, the monotonic loading curve is then followed [46]. 

 

Figure 1.4 Loading-unloading curve for a PPTA fiber demonstrating hysteresis during 

reloading, but follows the monotonic stress-strain curve when the previous maximum 

applied stress is exceeded [52]. Reprinted with permission from Elsevier. 

The orientation distribution parameter, <sin2q>, for PPTA bundles decreased 

exponentially with increasing stress, suggesting a narrowed orientation distribution. More 

important was the observation that the orientation distribution of unloaded bundles was 

narrower than the pristine bundles, while reloading after complete unloading resulted in 

further orientation of the crystallites: during the first loading stage some crystallites 

rotated permanently towards the fiber axis, which was considered a yielding mechanism 

for PPTA fibers [46]. Tests with bundles unloaded from a maximum tensile stress value, 

followed by five minutes of relaxation, showed that the remnant strain upon unloading 

from the same stress level decreases for fibers with higher Young's modulus. As the 

fraction of misoriented crystallites is smaller for high Young's modulus fibers, this result 

further supports the idea of yielding originating in the permanent rotation of crystallites 

towards the fiber axis [46].  

PPTA fibers with different orientation distributions had similar stress-strain 

behavior as in Figure 1.4. Although the nonlinearity was less pronounced for higher 

orientation fibers, the onset of nonlinear behavior was at similar strain levels which 

Yielding and hysteresis of polymer fibres: M. G. Northolt et al. 

axially symmetric distribution. It shows that the affine 
distribution has about the same fraction of domains in 
the range 30” < C#I < 60” as the Gaussian distribution At a 
stress 0 = 25, these domains are the first ones for which 
rotation by shear includes a plastic contribution. As the 
fibre stress 0 increases, more domains at smaller angles 
become involved in the orientation process. This means 
that plastic rotation actually starts at a smaller strain 
than calculated by equation (10). Presumably the effect 
of the plastic contribution on the differential modulus 
will be strongest near the maximum of N(4), which 
accounts for the minimum in the curve of da/de versus 
the strain. A further stress increase results in an increase 
of the differential modulus caused by the effect of the 
contraction of the distribution on the modulus, which 
apparently exceeds the effect of the yielding process. 

In semicrystalline fibres such as PET, there is usually 
a highly oriented crystalline phase and a much more 
broadly oriented amorphous phase’7p19. Hence, the 
actual overall chain distribution can only be approxi- 
mated by an affine distribution, and the function N(4) 
will be dominated by the orientation distribution of the 
amorphous phase. As a result, the value for g derived 
for the semicrystalline fibres refers to the amorphous 
phase. This example demonstrates that in the first part 
of the tensile curve for a > 27,,, the slope should 
progressively decrease as a result of the sequential 
orientation process of the oriented amorphous 
domains. Owing to the considerably broader distribu- 
tion in PET, the decrease of the slope is likely to be 
relatively steeper for the PET than for the PpPTA 
fibres. 

We are now able to provide an explanation for the 
difference between the first loading curve and the 
repeated loading or hysteresis curves, which is com- 
monly observed for all polymer fibres considered here. In 
Figure 10, the first loading curve of a fibre is represented 
by section 1 and, if the strain were increased further, it 
would continue beyond P practically along section 4. 
During unloading of the fibre which has been subjected 
to a stress ap, well above the yield stress aY, section 3 
is followed. The path followed during repeated or 
cyclic loading up to a stress gp consists of the sections 
4-3-4-3.. . When the load is subsequently increased 
for the first time to a stress cr > opp, then from P onwards 

Strain 

Figure 10 Schematic representation of the tensile curves of a fibre 
during first loading (I), hypothetical elastic unloading (2), hysteresis (3) 
and (4) for a maximum stress aP and subsequent continued loading (4) 

section 4 is followed, which is very close to the first 
loading curve and involves a considerable change of 
slope at P. This complicated tensile behaviour can be 
understood on the basis of the series model and the 
proposed yielding mechanism, as illustrated in Figure 9. 
For small strains, the fibre response is practicaily elastic 
and, as discussed before, the yielding is caused by the 
onset of plastic rotation of chains, presumably by the 
temporary loosening or disruption of the interchain 
secondary bonds. The chain rotation is brought about by 
the resolved shear stress r (equal to 0 sin d cos #) which 
varies from domain to domain in the fibril due to the 
variation of the orientation angle 4. Maximum shear 
stress is found in domains with chains having the largest 
orientation angle C,!J (angle $r in Figure 9). Hence, during 
the first loading of the fibre (section 1) up to a stress gp, 
the chains with angles in the range ‘zT/~ < C$ < c#+ 
undergo a plastic rotation down to an angle c$~, 
which according to equation (7) is given by @p = 
iarcsin (27,/a,). If cyclic loading is now applied up to 
a maximum stress ap, no plastic rotation can occur 
because the chains with angles 4 2 c$~, which allow a 
shear stress r > r,,: are absent. Owing to the permanent 
contraction of the orientation distribution caused by 
the first loading and the absence of plastic rotation, the 
upward branch (section 4) of the hysteresis curve is 
steeper than the first loading section (1). However, when, 
after a loading cycle, the stress attains for the first time a 
value above op, domains with an orientation angle 
smaller than dp will be subjected to the shear yield stress. 
Accordingly, the chain rotation again contains a plastic 
contribution and as a result the tensile curve resumes the 
course followed during first loading, which is practically 
that of section 4 beyond P. 

So far, it has been assumed that the yielding 
phenomenon is solely caused by plastic shearing of 
chains as a result of a disruption of secondary interchain 
bonds. However, the following observations show that 
yielding involves time-dependent effects as well. Firstly, 
the downward branch of the hysteresis cycle (section 3) 
clearly shows relaxation effects. If the rotation of the 
chains were only due to elastic and plastic shearing, then 
the elastic and thus steeper section 2 would have been 
followed during unloading of the fibre. Secondly, for 
increasing unloading times between repeated loading of 
the fibre, the reappearance of the yield in the upward 
branch (section 4) of the second loading cycle, as shown 
for PET and cellulose II fibres in Figures 11 and 12, is 
evidence of the reformation of the secondary bonds 
between the chains. After a waiting time of 10min 
the upward branch (section 4) clearly shows yielding 
behaviour, which becomes more pronounced after a 
waiting time of 17 h. Note that the difference between the 
slope of section 4 before P and that beyond P decreases 
for increasing waiting time. When, during a loading 
cycle, the stress on the fibre returns to zero, the chains 
tend to regain their original configuration. The relaxa- 
tion times depend on the flexibility of the chain and the 
intermolecular secondary bonding. Simultaneously with 
this relaxation process, secondary bonds, which were 
loosened during first loading, are reformed. For longer 
waiting times, the number of reformed secondary bonds 
increases, and for very long times the yielding behaviour 
during second loading closely resembles the yielding of 
the undeformed fibre. 
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suggested that a shear strain criterion similar to Schmid’s law for metals could be used to 

predict the onset of nonlinearity by calculating the resolved shear stress in misoriented 

crystallites. Fiber unloading in Figure 1.4 is not linear, while the reloading curve, 4, 

shows hysteresis up to the previously applied maximum stress, followed by the 

monotonic loading curve. Since the resolved shear stress is higher in crystalline domains 

with higher misorientation angle, it was proposed that as the tensile load increases the 

critical shear stress is reached for the highly misoriented domains which permanently 

rotate toward the fiber axis. When the fiber is unloaded and reloaded the response would 

be stiffer due to these permanently rotated domains. If the stress exceeds the previous 

maximum stress, domain rotation starts for the domains that have not rotated in the 

previous loading cycle, hence the stress-strain curve follows the monotonic curve [52]. 

The unloading curve was parabolic due to relaxation and nonlinear elasticity [52].  

The yield in tensile stress-strain curves was explained by permanent local shear 

deformation of domains for which the resolved shear stress exceeds a critical value 

[53,54]. It was observed that the sonic modulus value at zero stress was close to the initial 

tangent modulus, suggesting viscoelasticity does not play a big role in the initial elastic 

deformation. However, the slope change with yielding requires further explanation. To 

this effect, a linear strain hardening law was utilized to model yielding and hardening in 

stress-strain curves [54].   

In commercial Kevlar® fibers, monotonic tensile tests on K29 and K49 single 

fibers showed approximately constant tangent modulus until ~0.5% strain, after which 

point tangent modulus values increased while both fibers slightly softened before failure. 

Cyclic testing of K49 fibers showed no irreversible deformation below 0.5% strain. The 

reloading tangent modulus was higher up to the maximum stress applied in the previous 

cycle. After that point, the stress-strain behavior followed the monotonic loading curve. 

When K49 fibers were cycled to the same maximum stress applied in the previous cycle, 

no increase was detected in the irreversible deformation. The initial unloading modulus of 

K49 was much higher than the tangent loading modulus at the same strain due to time 

dependent effects [50].   
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The initial tangent modulus of mechanically conditioned K49 fibers was constant 

until ~2% strain. It was hypothesized that the increase in the modulus with mechanical 

conditioning was due to opening and straightening of the pleated structure. It was argued 

that an increase in the modulus could not be observed in a monotonic loading test 

because relaxation processes competed with opening of the pleats. A stress perturbation 

test following 30 s relaxation was performed on K49 to obtain modulus values that are 

less effected by time dependent processes. The modulus values measured this way were 

comparable to the unloading modulus further supporting the argument that the initial 

unloading modulus is an elastic property which is a measure of crystallite orientation 

distribution at that stress [50]. 

 

1.3.3 Compressive Properties  

XRD studies of K49 fibers under compression also showed an orientation angle 

distribution change. Importantly, there was a linear relation between the measured 

birefringence and the FWHM under load suggesting that birefringence in Kevlar® fibers 

is mainly related to orientation effects due to changes in the alignment of crystallites, and 

in lesser degree  to conformational changes of polymer chains [55]. Single K49 fibers 

bonded to the compressive strain side of polycarbonate beams under 3-point bending 

showed a compressive yield strength of 0.7 GPa. Further tests were performed by matrix 

shrinkage of solvent cast nylon for K49 fibers, which showed kink bands turning into slip 

bands at a compressive strain >3%. Fibers compressed to 3% via matrix shrinkage were 

then tested in tension approximately showing the same behavior as a pristine fiber after 

2% tensile strain. The Young's moduli of compressed fibers were the same as pristine 

fibers with only ~10% loss in tensile strength. Tensile tests were also performed on fibers 

that passed through compressive fatigue cycles on a 4-point bend setup, 100 cycles to 

1.2% compressive strain. This resulted in a 10% loss in strength, further proving that 

axial compression only results in a small loss of tensile strength. Tensile strength value 

remaining nearly constant whether the fiber kinked or not suggests that during kinking no 

chain scission is occurring, but that kinking is a process of bond rotation and bending 
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resulting in microbuckling of the fibrils [56]. Kinked fibers tested in tension broke at the 

kink with only 25% reduction in tensile strength [57]. 

1.3.4 Transverse Mechanical Properties  

The transverse mechanical properties of K29, and K49 filaments have been 

measured by compression of multiple parallel fibers between flat platens, which provided 

a transverse modulus of E1=E2=0.77 GPa for K29 and E1=E2=0.76 GPa for K49 [58]. A 

more recent measurement from a K29 single filament compressed by the same method 

was E1=E2=2.45±0.4 GPa [59], while for a single transversely compressed KM2 fiber 

this value was E1=E2=1.34±0.35 GPa. These values were an order of magnitude smaller 

than predicted by atomistic simulations, Section 1.2.2, possibly implying that the 

transverse properties are limited by voids in the fiber structure [60]. 

 

1.3.5 Shear Properties  

The shear modulus and strength are important in the weaving process of aramid-

based fabrics, which results in twisting of single filaments. Torsion tests with single 20 

mm long K49 filaments yielded a shear modulus value of 1.8 GPa [56]. Further studies 

have shown that the shear modulus increases with applied tension [51]. Using Equation 

(1.7), the shear modulus of K29 was estimated as 1.8 GPa [50]. Permanent shear 

deformation occurred when K49 fibers were subjected to torsional shear strains 

exceeding 10% [56]. The irrecoverable shear strain, a remnant strain after the fibers were 

untwisted, increased approximately linearly with applied torsional after 10% shear strain 

and the fibers split axially following a helical path. The shear strength at the point of fiber 

splitting under torsion was estimated to be 180 MPa [56]. Considering the highest shear 

stress would be observed at the surface of a circular fiber, splitting should start at the 

surface and travel into the fiber with secondary bond failure and sliding of crystallites, 

which would result in cracks inside the fiber. Fibers that were pre-conditioned via 

twisting to <10% shear strain, maintained the tensile strength of pristine fibers. On the 

other hand, the tensile strength of fibers that were twisted to shear strains larger than 
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10%, decreased almost linearly with shear strain [56]. Finally, experimental PPTA fibers 

with varying tensile strengths showed shear strength values ~25-110 MPa [61]. 

 

1.4   Failure of High Performance Aramid Fibers  
Earlier work on monotonic failure, creep rupture and fatigue of K29 and K49 

fibers provided ample evidence of axial splitting. Notably, the length of axial splitting in 

fatigue tested fibers was up to seven times that measured in monotonic loading, providing 

some indirect evidence for interfibrillar secondary bond failure. It is further noted that the 

fatigue strength was only slightly smaller than the tensile strength [62-64]. On the other 

hand, the creep lifetime of single K49 filaments followed a 2-parameter Weibull 

distribution suggesting a weakest link failure model [65]. The activation energy measured 

from creep rupture lifetime tests on K49 fibers was estimated to be 335 kJ/mol; this value 

which is close to the energy required to break the C-N bond at the backbone, implies that 

chain scission could also contribute to creep failure [66]. 

Few studies concentrated on correlations between tensile strength and fiber 

microstructure and orientation. In a study by DuPont [67], fibers produced by various 

spinning and heat-treatment conditions with higher orientation also demonstrated higher 

strength. This relationship between the asymptotic modulus and strength was explained 

by using a maximum shear stress criterion for misoriented crystallites with a shear 

strength value of 170 MPa. The results suggested that failure is due to a critical resolved 

shear stress that is accentuated by anisotropy and crystallite misorientation [67]. The 

correlation between crystalline orientation and strength was demonstrated with 

experimental PPTA fibers that did not have significant skin-core difference. Further 

studies on Raman microscopy of experimental PPTA fibers showed that the Raman band 

shift should be due to chain stretching but not crystallite rotation. Considering the Raman 

signal is obtained 1-2 µm depth from the surface, the authors argued that the Raman band 

shift originated mostly in the skin regions where the chain orientation is higher than the 

core [40].  
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In a different interpretation of macroscopic properties, PPTA fibers fail at 

discontinuities resulting in amplification of shear stress that exceeds the shear strength of 

the secondary bonds [61]. This understanding was based on a partial correlation between 

the shear strength of experimental PPTA fibers with their tensile strength. Considering 

that fibers are comprised of end-to-end connected crystallites with an orientation 

distribution along the fiber axis, the less aligned the crystallites are the more voids would 

be present [46]. It was further speculated that voids would further hinder the rotation of 

crystallites, thus, amplifying the local stress in less oriented fibers [46]. A different study 

suggested that for large orientation differences between neighboring crystallites, rotation 

could only occur either due to voids or due to oriented or misoriented amorphous material 

between the crystallites [68]. The relative crystallite motion would result in further void 

formation or material flow in the intercrystalline region.  

Raman studies with single K49 filaments and experimental PPTA fibers under 

stress reported a shift of the band (1610 cm-1) corresponding to phenylene group 

stretching to lower wavenumbers, thus pointing to molecular deformation. The 

simultaneous  broadening of the band suggested a non-uniform stress state [69-74]. 

Although band broadening may be due to a spectrum of misorientation angles, it may 

also stem from defects in the structure, which result in redistribution of load. Known 

defects are isolated chain ends, side groups and interstitials at the molecular level while 

voids and clustered chain ends may form weak planes at the fibrillar scale [9]. Small-

angle X-Ray scattering (SAXS) studies on PPTA fibers showed spherical and ellipsoidal 

microvoids; increasing density of spherical voids and ellipsoidal voids with larger major 

axis resulted in lower strength [75]. Microdiffraction SAXS studies on microdissected 

cross sections of K29 fibers indicated nanometer scale, randomly oriented, irregular or 

cylindrical voids while in the skin region the voids were more elongated [28]. Microbeam 

SAXS studies on PPTA fibers looped to form tensile and compressive stresses on the 

fiber showed a fibrillated structure of cylindrical or tape-like fibrils, whose characteristic 

dimension increased on the tensile side and decreased on the compressive side. These 

results agree with small-scale fibrillation in compressed PPTA fibers, and  scattering from 

larger cylindrical or tape-like  fibrils [76] due to improved fibril packing with tension.   
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Further structural changes in heat-treated fibers influenced the tensile strength. 

XRD studies on K49 showed a decrease in the gap between the (110) and (200) 

diffraction peaks with increasing temperature and exposure time. This is attributed to an 

increase in the crystal size in the a- direction which is the direction the van der Waals 

interactions result in stacking of H-bonded crystalline sheets. Hence, heat treatment 

weakens the van der Waals interactions, which, in turn, limits load transfer between 

sheets and decreases the tensile strength [77,78]. Furthermore, the void size increased 

both laterally and longitudinally in heat-treated fibers, while smaller voids were sintered 

away [79]. Heat treatment of K29 at 200 °C for 15 min did not change the strength, but 

further heating caused a strength loss as much as 70% at 400°C [29].  

The tenacity of single K29 and K49 fibers with gauge lengths 2-120 mm, was 

shown to increase in shorter fibers; however, data trends did not support a weakest link 

criterion for failure [80]. Further tests showed that as the gauge length of Kevlar® fibers 

decreased below <1 cm the strength was constant, which could not be explained by the 

weakest link theory too. Instead, it was proposed that the fibers are composed of series of 

1 cm long connected links whose strength was the random variable in a Weibull 

distribution density function. In this model, the tensile strength is independent of fiber 

length for fibers shorter than 1 cm, and equal to the mean strength of the 1 cm long links 

[81]. To this effect, a special experimental PPTA fiber, treated to eliminate defects in the 

structure, showed much smaller decrease in strength with increasing gauge length with 

the data fitting well the proposed failure model assuming zero defect density [82]. The 

results suggested that the link lengths should be 1-4 cm with an average number of 

defects of 0-1 cm-1. Finally, K49 yarn tests did not result in significant gauge length 

dependence of failure strain [83].  

Several studies have explored the effect of strain rate on fiber strength. For quasi-

static strain rates in the range 0.004-0.02 s-1 the mean fiber strength of K29, K49 and 

K149 fibers with 2.1 cm gauge length was insensitive to strain rate [84]. However, much 

higher strain rates applied to (<10%) pre-twisted KM2 fibers showed up to 20% increase 

in tensile strength at 1000 s-1 [85].  
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1.5   Objectives of this Dissertation Research 
This dissertation research aimed at investigating the effect of microstructure on 

the deformation and failure initiation in high performance aramid fibers. The 

microstructure was represented by the crystalline domain orientation whose effects on the 

mechanical response and failure were quantified. Additional limiting factors of the 

mechanical strength were sought in the existence of critical defects in the fiber structure 

vs. a critical shear stress responsible for flaw nucleation that leads to catastrophic fiber 

failure.  

These research objectives were undertaken using four different types of aramid 

fibers with different crystalline domain orientation, and mechanical properties, which 

were obtained from a commercial source. The distribution of crystallite orientation in 

each type of fiber was quantified with XRD, and was correlated with the mechanical 

properties measured under controlled experiments that guarantee accuracy and unbiased 

measurements of elastic modulus and tensile strength. The evolution of crystallite 

orientation during mechanical loading was investigated using 10 mm long gauge length 

fibers, which ensured a representative test sample in terms of variation of diameter along 

its length, while also guaranteeing that no flaws were introduced to the fiber during 

specimen preparation. The test fibers were subjected to mechanical conditioning through 

cyclic loading to progressively higher stresses, finally approaching the tensile strength of 

each aramid type. Single filament tests under monotonic loading were carried out with 

fiber gauge lengths in the range of 200 µm – 10 mm, thus further decreasing by one order 

of magnitude the smallest fiber gauge length of aramid fibers that was ever tested. These 

experiments aimed at assessing the existence of a critical flaw population in the fibers 

that obeyed the weakest link theory. Lastly, pure shear tests were carried out with a novel 

notched specimen design for single filaments, which was “carved out” using Focused Ion 

Beam (FIB) milling following a geometry that was optimized via a Finite Element 

Analysis (FEA) to achieve uniform shear stress and eliminate the stress singularity at 

notch edges. These fragile specimens were tested in tension using custom designed 

Microelectromechanical System (MEMS) devices. 
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CHAPTER 2  
 

 

 

 ORIENTATION EFFECTS ON MECHANICAL 

PROPERTIES OF ARAMID FIBERS 

Although understanding of the processes occurring in aramid fibers at small 

elastic stresses is fairly thorough, the yielding and time-dependent deformation taking 

place in the non-linear regime of the stress-strain curves of aramid fibers are less 

explored. At high tensile fiber stresses, misorientation of crystalline domains promotes 

significant local shear, which would result in domain rotation. However, it is not clear 

that increased domain orientation would increase the tangent modulus because of 

relaxations due to crystallite sliding at high stresses. Although limited experimental data 

from experimental PPTA fibers have suggested increasing tensile strength with 

orientation [40] this correlation is not apparent in Kevlar® fibers which are the 

commercial counterpart of aramid fibers. Rather, Kevlar® fibers with quite different 

orientations have not demonstrated correspondingly different tensile strength values.  

This study comes to address the question of evolution of molecular orientation 

with mechanical loading, starting with different initial conditions. The correspondence 

between as-manufactured tensile modulus and strength vs. the orientation imparted by 

cold drawing at different strain levels was explored in this Chapter. Towards this goal, 

high quality commercial aramid fibers, Kevlar®, have been utilized with different 

orientation distributions to deduce correlations between initial orientation and its 

evolution with mechanical drawing, and explore the limits controlling mechanical 

strength via crystalline domain orientation. Finally, the presence of strength limiting 

critical flaws was explored as they may be manifested in fiber gauge length size effects 

on tensile strength in pristine and oriented aramid fibers, reaching gauge lengths as short 

as 200 µm. 



 
23 

2.1 Materials and Experimental Methods  
Experiments were conducted with individual filaments of four different grades of 

Kevlar® fibers manufactured with identical chemical composition by DuPont. These 

grades are K119, K29, KM2 and K49, which are characterized by progressively increased 

Young’s modulus in the order listed, spanning a range in which the modulus varies by as 

much as 100%. Despite its challenges, testing individual fibers is of high importance in 

understanding microstructural effects on mechanical deformation and failure, because it 

is possible to compute the true fiber strength as opposed to the more common fiber 

bundle tests. For mechanical testing, individual Kevlar® fibers were carefully isolated 

from untwisted bundles, ensuring that no kinks or damage on the fiber skin were induced 

during sample preparation. For diameter measurements, single filaments were washed in 

methanol to remove residues of lubricants applied during bundle processing. This process 

has been shown to be very effective without resulting in surface damage [86,87]. 

Scanning Electron Microscopy (SEM) images of clean fiber surfaces were taken along 5 

mm fiber segments to quantify the variation in diameter and obtain an accurate average 

value. 

Clamping of high performance fibers for mechanical testing is a challenge that 

has been addressed in different ways depending on the nature of the fibers [88-91]. The 

grip compliance, including the viscoelastic adhesive or sliding at grips that rely on 

mechanical clamping, must be minimized or subtracted, if known and consistent between 

tests, in order to obtain reliable fiber stiffness measurements. Such grips tend to be stiff 

resulting in a stress concentration at the initial clamping point, which compromises the 

tensile strength [90]. For this purpose, two types of tests were performed in this study. 

The first utilized a two-part epoxy adhesive (Loctite Extra Time) to rigidly attach 

individual fibers onto a supporting frame. The stiffness of this epoxy adhesive was 

augmented with 10 vol% 10-20 nm silica nanoparticles, which were surface modified 

with epoxy groups (Skyspring Nanomaterials). After air curing the epoxy for 24 hr the 

supporting frames were attached to the test apparatus and were cut to set the fiber free for 

tensile loading. Individual fibers with 10 mm gauge length were tested at 0.01 s-1 strain 

rate to obtain the Young’s modulus utilizing the stiff grips. Accurate fiber extension 
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measurements were conducted via Digital Image Correlation (DIC) on high 

magnification optical images of the fiber grips that were spray painted to generate a 

speckle pattern. The second set of experiments were performed by bonding 1 cm long 

portions of fibers to supporting frames using the same epoxy adhesive as above but 

without reinforcing particles. The compliant adhesive aided in minimizing the stress 

concentration at the bonding point that originates in shrinkage during curing and 

mismatch between the adhesive and the fiber transverse stiffness. This type of fiber 

mounting ensured accurate tensile strength measurements. The Young’s modulus values 

were correlated to the orientation distribution of crystalline domains as measured via X-

Ray Diffraction from multiple bundles of fibers. After the (110) and (200) 

crystallographic peaks were identified, azimuthal scans were performed at (200) peak 

following the work by Ran et al. [25]. The orientation distribution factor, <sin2q>, which 

is an average measure of the misorientation of crystalline domains in unloaded fibers, 

was calculated from the full width at half maximum (FWHM) value of a Lorentzian fit to 

an azimuthal scan [46]: 

sin, 𝜃 = 	2.1141	 sin,(
𝐹𝑊𝐻𝑀
2 )	 (2.1)  

Then, the initial elastic modulus was estimated using the orientation distribution factor, 

the crystal modulus along the chain axis, Ec, and the crystal shear modulus, G, as given 

by [47,92]:     

1
𝐸 = 	

1
𝐸F
+	

sin, 𝜃
2𝐺  (2.2) 

Mechanical loading of aramid fibers does not result in purely elastic deformation, 

as crystallites also reorient under tension. If a fiber is loaded to a given strain and 

subsequently unloaded, the new initial reloading stiffness reflects the mechanical 

response of the oriented fiber up to the strain applied in the last loading-unloading cycle. 

If this process is repeated to progressively higher strains, one could obtain a correlation 

between the increasing material orientation and the elastic properties. Similarly, the 

initial unloading moduli, reflect the stiffness of the fiber at the highest applied stress in 
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each cycle, which corresponds to the most oriented material state before some orientation 

reversal occurs due to unloading. Towards this goal, loading-unloading tension tests with 

progressively increasing peak stress were conducted with 10 mm gauge length fibers at 

0.01 s-1 strain rate. Potential history effects induced by progressive loading-unloading 

were evaluated using single cycle mechanical conditioning to ~80% of the failure stress, 

also at 0.01 s-1. Finally, the time dependency of molecular re-orientation at room 

temperature was evaluated with monotonic tension tests at strain rates in the range 10-4 – 

10-1 s-1 on 10 mm gauge length fibers.  

The fiber strength could be limited by crystallite reorientation under tension as 

well as critical flaws in the fibers. The presence of the latter can be investigated via 

tension experiments with different fiber gauge lengths, namely if failure can be described 

by the weakest link theory, smaller fiber gauge lengths would result in higher tensile 

strengths. A comprehensive study of effect of gauge length on fiber strength using sub-

millimeter specimens is currently missing due to experimental difficulties in isolation, 

handling and clamping individual fibers at that scale. Towards this goal, fibers with 200 

µm, 1000 µm and 10,000 µm gauge lengths were tested using compliant adhesive grips to 

ensure accurate fiber strength measurements. 

 

2.2 Results and Discussion  

2.2.1 Effects of Orientation Distribution and Mechanical Conditioning 

Figure 2.1 shows the normalized intensity vs. azimuthal angle plots measured 

about the (200) crystallographic peak, where a sharp peak would be expected at 0º for a 

fiber with perfectly oriented crystals. Instead, the intensity peaks followed a Lorentzian 

distribution that reflected the spread of crystallite orientations about the [200] direction. 

The fiber orientation distribution increased from K119 to K49 as the distribution becomes 

narrower. 

Table 2.1 summarizes the average fiber diameter values, as measured from SEM 

images, the FWHM measured from fiber bundles by XRD, the measured vs. calculated 
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Young’s modulus values for the four aramid fibers tested in this study. There is an 

inverse correlation between the values of FWHM and the measured modulus, therefore 

differences in the elastic modulus stem from crystal orientation. More importantly, this 

correlation is described very accurately by Equations (2.1) and (2.2): as shown in Table 

2.1, the initial Young’s modulus, calculated using Ec = 220 GPa [12,31,53] and G = 2 

GPa [51], was in very good agreement with the measured values which confirms that this 

group of four fiber types has the same underlying structure and common mechanisms for 

load transfer determine their stiffness.  

 

 

Figure 2.1 Normalized intensity vs. azimuth angle plots about (200) crystallographic 

peaks for four Kevlar® fibers.  

 

Figure 2.2(a) shows the cyclic stress vs. strain curves, with progressively 

increasing peak stress, of the fiber type with the lowest orientation (16.7º). The very first 

loading-unloading cycle (1) to a peak strain of 0.85% did not show any hysteresis or 

permanent deformation. However, cycles 2-8 in Figure 2.2(a), reaching progressively 

higher peak strains, resulted in permanent strain that increased in every cycle. Each 

0

0.2

0.4

0.6

0.8

1

-45 -30 -15 0 15 30 45

N
or

m
al

iz
ed

 In
te

ns
ity

Azimuth Angle (°)

K119
K29
KM2
K49



 
27 

reloading stress vs. strain curve, once passing through the peak point of the last cycle, 

continued along the monotonic loading curve. This process of mechanical drawing results 

in a progressively different stress vs. strain curve which departs significantly from the 

behavior of a pristine fiber loaded monotonically to failure. Figure 2.2(b) provides a 

direct comparison between the monotonic behavior of a fiber with the lowest orientation 

(16.7º) and the final loading curve in Figure 2.2(a) for a filament mechanically 

conditioned at ~90% of the maximum tensile strength. Progressive mechanical 

conditioning, Figure 2.2(a), produced a bilinear response in contrast to the long non-

linear transition regime seen in the stress-strain curves of pristine fibers. Furthermore, 

both the initial and the final tangent moduli, 64.6 GPa and 87.8 GPa, increased by 54% 

and 47%, respectively, demonstrating major crystallite re-orientation with mechanical 

stress. Unloaded PPTA fiber bundles had narrower orientation distribution than pristine 

bundles, suggesting permanent rotation of some of the crystalline domains [46].  

Similarly, cyclic tests on K29 [68] and K49 [63,68] filaments in addition to cyclic creep 

tests on single K49 filaments further supported the idea of permanent rotation of domains 

[68]. Experiments conducted with K119 fibers oriented to 90% following the process 

presented in Figure 2.2(a) showed that the increased orientation and modulus, due to 

mechanical conditioning were retained for at least 24 hr (longer storage times were not 

pursued). 

The monotonic stress vs. strain curves shown in Figure 2.3(a) demonstrate 

increasing Young’s modulus and improved linearity with increasing crystallite 

orientation. While the mechanical response of fibers with the lowest orientation 

(FWHM=16.7º) deviated the most from linearity, all fiber types showed some degree of 

nonlinearity at 1-2% strain. The low strain segment of this “bilinear” behavior is mainly 

elastic as evidenced by the linear, non-hysteretic, loading-unloading segment (1) in 

Figure 2.2(a). 
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Table 2.1. Average fiber diameter, FWHM from XRD data, measured and expected 

Young’s modulus for different grades of Kevlar® fibers. 

 Diameter (µm) 

Measured 

Young’s 

Modulus (GPa) 

Measured 

FWHM (°) 

Calculated 

Young’s 

Modulus 

(GPa) 

K119 11.9 ± 0.4 65.6 ± 0.8 16.7 63.7 

K29 12.2 ± 0.3 82.7 ± 4.4 13.5 84 

KM2 10.8 ± 0.6 82.2 ± 10.9 13.5 84 

K49 12.5 ± 0.4 117.3 ± 0.5 9.7 119.6 

 

Therefore, processes occurring in that strain range are not expected to affect 

crystal domain orientation. The loading to higher strains, however, had very pronounced 

effects for all crystal domain orientations: Figure 2.3(b) shows the final loading to 

failure curves after a mechanical cycling as in Figure 2.2(a). Notably, the mechanical 

response of fibers with FWHM between 16.7º and 13.5º was linearized and converged 

effectively to the same curve with the same maximum tensile strength and strain. These 

three types of fibers were originally synthesized without post-spin heat treatment and 

drawing, compared to fibers with FWHM = 9.7º, Table 2.1, which were drawn at high 

temperature after spinning [15]. The mechanical behavior of the latter showed limited 

change in ultimate strain, and all four types of aramid fibers had the same tensile 

strength after mechanical conditioning, yet the heat-treated fibers still had the highest 

Young’s modulus. 
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(a) 

 

(b) 

Figure 2.2 (a) Stress vs. strain curve of a filament with the lowest crystallite orientation 

(FWHM = 16.7º) undergoing loading-unloading at 0.01 s-1 with progressively increasing 

peak stress. (b) Mechanical response of a pristine filament (FWHM = 16.7º) and final 

loading curve of the filament in (a) showing a dramatic change in response due to 

mechanical conditioning to ~90% of tensile strength. 
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(a) (b) 

Figure 2.3 Stress vs. strain behavior of aramid fibers with different initial crystallite 

orientation (a) under monotonic loading until failure, and (b) after mechanical cycling 

as in Figure 2.2(a), followed by complete unloading and monotonic loading to failure. In 

both figures, the FWHM is the value of the pristine fibers. 

 

The loading and unloading moduli provide indirect information about the 

evolution of orientation distribution with increasing peak strain during mechanical 

conditioning. As shown in Figure 2.4(a), the initial reloading modulus was unaffected by 

mechanical cycling up to 2% strain. In fibers with FWHM 16.7º – 13.5º, all crystal 

domain re-orientation took place between 2-3% applied strain and the initial reloading 

elastic modulus of all three fiber grades converged to 100 GPa. On the other hand, the 

elastic modulus of fibers with initial FWHM = 9.7º, which were subjected to post-spin 

heat treatment, remained unaffected as 120±1 GPa.  

Notably the maximum possible orientation in all four types of aramid fibers tested 

in this work corresponds to FWHM values much smaller than 9.7º. As shown in Figure 

2.4(b), the unloading stiffness at 90% of the maximum tensile strength reached the values 

of 170 GPa, 165 GPa, 160 GPa, and 159 GPa, for K49, KM2, K29, and K119, 

respectively. Furthermore, contrary to the stable initial reloading modulus with increasing 

cyclic peak stress for the highest oriented fibers (FWHM=9.7º), mechanical conditioning 
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caused a linear increase in the initial unloading modulus from 139 GPa to 170 GPa. Thus, 

even for high temperature drawn aramid fibers, further significant increase in crystalline 

domain orientation is possible, but is reversed upon unloading. Thus, near the peak stress, 

the fiber stiffness is the closest to the theoretical modulus of 220 GPa for a PPTA crystal. 

By means of Equation (2.2) the unloading modulus of 170 GPa corresponds to 

FWHM=5.8°, compared to 9.7° for the pristine K49 fiber. The contraction in orientation 

distribution was more significant, from 16.7° to 6.6°, for K119 fibers although FWHM 

increased to 11.6º upon complete unloading. Notably, in none of the four fiber types the 

increase in crystallite orientation was accompanied by concomitant increase in tensile 

strength: As will be shown later, for all four types of aramid fibers, the tensile strength of 

monotonically loaded filaments was virtually identical to the mechanically cycled 

counterparts. Thus, the mechanical stiffness and crystalline domain orientation are 

decoupled from the tensile strength, which implies that the ultimate tensile strength is 

controlled either by pre-existing critical flaws whose size is independent of processing 

and applied strain, or critical flaws that nucleate near the tensile strength of 3.5-4 GPa 

which was common for all aramid fibers tested in this work.  

It remains to show that the actual crystallite orientation upon complete unloading 

is the same as that calculated using the reloading moduli values. To this effect, Figure 

2.4(c) compares the XRD-measured FWHM values of unloaded fiber bundles, which 

were preconditioned at different peak strain values, with those estimated via Equation 

(2.2), with the reloading modulus reported in Figure 2.4(a) as the input. The agreement 

between the estimated and measured orientation verifies the close correlation between the 

crystalline domain orientation and the measured instantaneous modulus. The constant 

reloading modulus of as-spun filaments loaded up to ~2% strain, Figure 2.4(a), is in 

agreement with the virtually unaffected orientation distribution upon unloading in the 

same strain regime. For preconditioning strain values larger than 2% the increased 

crystallite orientation after unloading was that expected from Equation (2.2) for the 

measured reloading modulus.  
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(a) 

 

(b) 

Figure 2.4 (cont.) 
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(c) 

Figure 2.4 Initial (a) reloading, and (b) unloading moduli with progressively increasing 

preconditioning strain of aramid filaments with different initial orientation. (c) 

Comparison of measured FWHM values of unloaded fiber bundles (filled symbols), 

preconditioned at different strain values, with calculated FWHM values (open symbols) 

using the reloading moduli in (a). 

 

It should be noted that the final permanent crystallite orientation, as reflected in 

the value of the initial reloading modulus, and the highest crystallite orientation, as 

reflected in the value of the initial unloading modulus, depend only on the maximum 

applied stress and are independent of the number of loading-unloading cycles. To this 

effect, Figure 2.5 shows a comparison of the reloading stress-strain curve (open symbols) 

after cycling a K119 fiber up to ~80% of the monotonic tensile strength using the routine 

shown in Figure 2.2(a), with the reloading curve after only one cycle to 80% of the fiber 

tensile strength (filled symbols). The two approaches to mechanical conditioning resulted 

to the same initial moduli (~93.5 GPa) and final moduli (~124 GPa) which supports the 

argument that the outcome of mechanical drawing depends only on the peak stress and is 

independent of the details of the loading history.  
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Figure 2.5 Stress vs. strain curves of two filaments with the lowest initial orientation 

(FWHM=16.7º): (open symbols): loading curve #8 in Figure 2.2(a). (filled symbols): a 

fiber loaded monotonically to ~80% of the ultimate tensile strength, unloaded and 

reloaded to failure.  

 

 

2.2.2 Effect of Strain Rate on Orientation Evolution  

The process of crystalline domain orientation entails severing and reforming van 

der Waals bonds, a process that is thermally activated and, as such, subject to rate effects. 

This rate dependency was tested within the quasi-static regime at four strain rates ranging 

from 10-4 to 0.3 s-1. Using the elastic stiffness as a measure of crystalline domain 

orientation in individual filaments, 10 mm long aramid fibers of the lowest (16.7º) and 

the highest FWHM (9.7º) were tested, Table 2.1. As shown in Figure 2.6(a,b), there is 

clear sensitivity to strain rate at strains larger than 2%, which, according to Figure 2.4(a), 

is also the strain threshold to impart permanent crystallite orientation in the fibers. 
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Specifically, increasing strain rate has suppressed the hardening behavior, a finding not 

reported before for individual aramid filaments, because the majority of tests with aramid 

fibers in literature have been conducted with fiber bundles. At strain rates of 0.2-0.3 s-1 

hardening is completely suppressed resulting in linear behavior until failure without 

affecting the fiber strength. This effect is much pronounced for the fibers with the lowest 

initial crystalline domain orientation, Figure 2.6(a), and of less importance for fibers with 

the highest initial crystallite orientation, Figure 2.6(b). These results show that the 

crystalline domain orientation process, which is based on breaking and reforming van der 

Waals bonds, is viscous in nature and is limited by the applied strain rate: slower strain 

rates accommodate the cascade of sacrificial bond rearrangements, thus yielding higher 

orientation and modulus before failure. High strain rates (>0.2 s-1) do not provide 

sufficient time to crystallites to orient with the fiber axis, hence retaining the initially 

linear stress-strain behavior until failure, Figure 2.6(a,b). From a processing view point, 

since the fiber tensile strength is not affected by the strain rate (for the limited rates tested 

here), mechanical conditioning to improve crystalline domain orientation could be 

conducted at slower strain rates and lower peak strains compared to faster strain rates: 

Figure 2.7 shows such an example of a 10-mm long filament of the lowest orientation 

(FWHM=16.7º) which was conditioned to 90% of the tensile strength at the (faster) strain 

rate of 10-2 s-1 but to 80% at the (slower) strain rate of  10-4 s-1, yet resulting in the same 

final loading curves with practically the same moduli at low and high stress. 
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(a) 

 

(b) 

Figure 2.6 Effect of strain rate on the mechanical response of aramid fibers with (a) the 

lowest (FWHM=16.7º), and (b) the highest (FWHM=9.7º) crystalline domain orientation 

of the fibers listed in Table 2.1. 
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Figure 2.7 Mechanical response of a pre-conditioned K119 fiber up to 90% of the 

tensile strength at strain rate 10-2 s-1 (open symbols), vs. loading-unloading to 80% of 

the tensile strength and final reloading at 10-4 s-1 (filled symbols). The two approaches 

resulted in practically the same final loading curves up to each conditioning strain. 

 

 

2.2.3 Effect of Mechanical Conditioning on Tensile Strength 

Contrary to pronounced improvements in mechanical stiffness with crystalline 

domain orientation, the average tensile strength of 10 mm gauge length filaments of all 

aramid fiber types did not correlate with the orientation distribution. Rather, the tensile 
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rest), which had the broadest orientation distribution, (FWHM=16.7º) remained 
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an adverse effect on tensile strength either. Early studies with PPTA fibers [67] subjected 

to different spinning and heat treatment conditions showed that higher orientation could 

lead not only to higher elastic modulus but also higher strength, for fibers with initial 

moduli lower than 65 GPa. For moduli values between 65 GPa and 150 GPa the tensile 

strength was between 2.5 - 4 GPa, and decreased sharply for fibers with initial moduli 

higher than 150 GPa. The results of the present study show that although the initial 

unloading modulus of all fiber types reached 160-170 GPa after high stress conditioning, 

Figure 2.4(b), the tensile strength did not change from that of pristine fibers. This result, 

along with the strain rate insensitivity established in the previous Section, point to the 

possibility for preexisting surface or volumetric flaws in the fiber structure that are 

unaffected by crystalline domain orientation and limit the tensile strength of this class of 

fibers.  

 

Table 2.2. Effect of orientation and mechanical conditioning on the tensile strength of 10 

mm long Kevlar® filaments. 

Fiber Type 
Measured 

FWHM (°) 

Pristine fiber 

strength (GPa) 

Conditioned fiber 

strength (GPa) 

K119 16.7 3.97 ± 0.31 4.09 ± 0.31 

K29 13.5 3.46 ± 0.3 3.41 ± 0.2 

KM2 13.5 3.76 ± 0.19 3.87 ± 0.33 

K49 9.7 3.57 ± 0.34 3.79 ± 0.11 
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(a) (b) 

  

(c) (d) 

Figure 2.8 (a) AFM topography images of the skin surface of (a) K49, and (b) KM2 

fibers. (c) Skin-core separation in a KM2 fiber. (d) Fibrillated sheet of microfibril 

crystals from the core of a KM2 fiber, showing a consistent microfibril diameter of 5 nm. 

The bright spots in the fibrillar web are the crystal ends. 

 

In terms of surface flaws, the outer surface of carefully isolated aramid fibers was 

examined via  high resolution AFM, as prior AFM studies have identified a variety of 

defect structures on the surface of aramid fibers, which could be potential failure sites 

[93]. The AFM images showed only long longitudinal ridges, Figure 2.8(a) which do not 

represent stress concentrations, while the rest of the fiber surface was very smooth with 
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an RMS roughness of as low as 0.6 nm for KM2, as computed from Figure 2.8(b). 

Notably, none of the AFM images revealed a fibrillar structure on the outer fiber surface, 

which is consistent with the current notion that the fiber skin is not crystalline [15,94]. 

However, there is clear differentiation between the outer fiber skin of ~200 nm thickness 

and the inner fiber, forming an interface of relative weak cohesion which is prone to 

separation, as can be seen in Figure 2.8(c). The fibrillar structure is a distinct feature of 

the fiber core, which is comprised of microfibrils with an average diameter of 5 nm, 

Figure 2.8(d), and lengths of the order of 200 nm [11,26]. Extensive SEM imaging of 

split KM2 fibers has shown that the ~5 nm building block microfibrils are the only 

persistent length scale in the hierarchy of the fiber structure; larger diameter fibrils 

observed in ruptured or kinked aramid fibers are merely the result of dynamic fracture. 

Thus, failure initiation should be sought in flaws relating to fiber features with length 

scales that are larger than the microfibril diameter. 

 

2.2.4 Scaling of Tensile Strength with Fiber Gauge Length  

The lack of correlation between crystallite orientation distribution and tensile 

strength prompts the investigation of pre-existing flaws. The latter would have a 

distribution of length scales which would correlate with the specimen size, thus resulting 

in gauge size effects. Known defects are isolated chain ends, side groups and interstitials 

at the molecular level, while voids and clustered chain ends may form weak planes at the 

fibrillar scale [9]. Small-angle X-ray scattering (SAXS) studies on PPTA fibers have 

shown spherical and ellipsoidal microvoids: increased density of spherical voids and a 

longer major axis of ellipsoidal voids could result in lower strength [75]. Microdiffraction 

SAXS studies with K29 fibers pointed to nanometer-scale, randomly oriented, irregular, 

cylindrical, and elongated voids [28]. Notably, heat treatment did not annihilate these 

flaws or produced stronger fibers: XRD studies of fibers with the tightest orientation 

distribution (FWHM=9.7º) [77,78] have suggested an increase in the crystal size in the 

direction in which van der Waals interactions result in stacking of H-bonded crystal 
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sheets. This weakens the van der Waals interactions and limits the load transfer between 

sheets, hence decreasing the tensile strength.  

Given the variety of defects identified in prior XRD studies, tension tests with 

individual aramid filaments of different gauge lengths could provide evidence for a 

specimen size effect on tensile strength. Prior experiments by Lim et. al  [95] on aramid 

fibers with gauge lengths 2.5 - 250 mm have yielded a very modest change in tensile 

strength with gauge length, which increased by 10-15% for small gauge lengths (2.5 

mm). However, the data at small gauge lengths were inconclusive because of the large 

data scatter. On the other hand, tests with single K29 and K49 fibers that were 2-120 mm 

long [80], have shown increasing tenacity with decreasing gauge length. These results did 

not fit a Weibull-type flaw distribution that would support a weakest link type of failure. 

Finally, tests by Knoff [81] have shown constant strength for fiber lengths below 10 mm. 

The differences between prior studies must also be understood by considering the 

difficulties in specimen preparation and testing: isolation of long filaments from bundles 

with hundreds of filaments is not without risk of inducing surface defects and kinks. At 

the other extreme, test specimens with dimensions of the order of 2 mm require precision 

cutting and clamping, while very small gauge lengths indirectly reduce the risk of 

handling defects. Thus, the aforementioned considerations could lead to preparation-of-

specimen size effects. The experiments in this work focused on extending the range of 

prior studies by a factor of 10 towards smaller gauge lengths. Figure 2.9 summarizes the 

tensile strength values for the four aramid fibers described in Table 1, for gauge lengths 

200 µm, 1 mm, and 10 mm that correspond approximately to 20-1000 fiber length-to-

diameter ratios. The results are also compared to the tensile strength measured from 10-

mm long fibers conditioned to ~80% of the fiber tensile strength. Two conclusions 

emerge from the plots: (a) within one standard deviation, the tensile strength of all fiber 

types is independent of gauge length down to 200-µm filaments, and (b) mechanical 

conditioning does not affect the fiber tensile strength. The standard deviation could 

account for variations of the fiber diameter about the mean value, which is significant as 

shown in Table 2.1. 
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This gauge length insensitivity suggests that before any existing defects could 

initiate failure, new catastrophic flaws may nucleate at the high tensile stress of ~4 GPa 

either in the fiber core or the skin-core interface. Since the aforementioned nanoscopic 

pre-existing flaws in the fiber core are too small to directly initiate failure, it is deduced 

that a likely site for failure initiation is the fiber skin-core interface. The skin has a 

distinctly different structure,  Figure 2.8(c), compared to the fibrillar core, and, higher 

stiffness. Isostrain conditions at high extensional stresses (i.e. ~4 GPa) could generate 

major interfacial shear stresses that cause skin-core debonding, signs of which are shown 

in Figure 2.8(c). New evidence towards this argument is provided by the distinctly 

different mode of failure of the 200 µm long filaments, which demonstrated a sword-in-

sheath type of failure, as illustrated in Figure 2.10(a-c). As shown in the time-lapse 

optical images in Figure 2.10(a), failure occurred by skin fracture followed by 

“extrusion” of the core from the skin, which propagated in the entire length of the fiber 

including the segment that was bonded with a compliant adhesive for clamping purposes. 

As a result, a core (sword) with a length of 5-10 times the 200-µm gauge length was 

extruded from the fiber inside the adhesive, Figure 2.10(a,d). The peeled skin in the 

gauge section revealed the fine fibrillar core structure, Figure 2.10 (c,d), compared to the 

smooth skin. Although the outer fiber skin surface has no fibrillar structure, Figure 2.8(a-

c), the separated skin from the core had an inner fibrillar surface, Figure 2.10(b,c), which 

may imply that failure occurs not at the interface but inside the fibrillar fiber core near the 

skin-core interface. Thus, the stress-controlled failure process is associated with shear 

failure initiation at the fiber core-skin interface, where significant interfacial shear and 

potentially triaxial stresses develop at high axial forces. While long filaments result in 

dramatic fibrillation upon tensile failure, the very short, 200-µm long, filaments reduced 

the total elastic strain energy stored in the fiber during testing, and permitted the 

observation of failure initiation. This sword-in-sheath type of failure was not observed for 

the 1 mm and 10 mm long filaments tested under the exact same conditions as the 200 

µm fibers. 
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(a) (b) 

  

(c) (d) 

Figure 2.9 Tensile strength of individual (a) K119, (b) K29, (c) KM2 and (d) K49 fibers 

with gauge lengths 200-10,000 µm, and comparison with 10 mm fibers conditioned to 

~80% of tensile strength before tensile testing. 
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(a) 

   

(b) (c) (d) 

Figure 2.10 (a) Time lapse optical images showing failure initiation and propagation at 

the skin-core interface of a short gauge length K29 fiber (the initial fiber length is 200 

µm). The arrow points to a crack that formed in the skin 500 ms before failure initiation 

and extrusion of the fiber core as pointed out in subsequent images. SEM images 

showing (b,c) the inner surface of the separated skin of a K29 fiber, and (d) the extruded 

core of a KM2 fiber. 

 

2.3 Conclusions 
In this study, mechanical stress was shown to improve crystalline domain 

orientation, increase both the initial and the final Young’s moduli, and linearize the stress 

vs. strain curves of aramid fibers with different initial crystalline domain orientation. 

These effects were retained upon complete unloading and were shown to be independent 

of the loading path. Different types of aramid fibers with FWHM values of 16.7º and 

13.5º converged to the same tensile behavior when conditioned to ~90% of their 

respective tensile strength. Independently of the initial Young’s modulus of pristine 

filaments, all fibers reached the same orientation distribution at the instant of failure, 



 
45 

corresponding to FWHM=6.6º, as computed from the measured value of the unloading 

modulus. A slightly smaller FWHM value of 5.7º was possible only for aramid filaments 

that were hot drawn after spinning with initial FWHM=9.7º. However, mechanical 

conditioning up to ~90% did not change initial modulus of the latter, and both as-spun 

and heat-treated aramid fibers attained approximately the same unloading modulus of 

160-170 GPa, namely the same maximum orientation of crystalline domains. Orientation 

of crystallites during mechanical conditioning was shown to be a rate dependent process 

without nucleation of new flaws, which is consistent with the process of breaking and 

reforming van der Waals bonds that form the crystal structure of aramids. The tensile 

strength was also insensitive to fiber gauge length for filaments as short as 200 µm, 

namely failure does not follow the weakest link theory, and therefore, may not depend on 

a pre-existing distribution of voids. Instead, SEM imaging has shown clear structural 

differentiation between the fiber core and the skin which separated upon fiber failure in 

all short filament tests (200 µm) in a sword-in-sheath fashion instead of the classical 

fibrillar rupture of long filaments. This new experimental finding points to the role of 

interfacial shear stress between the crystalline core and the highly aligned fiber skin as 

the factor limiting the tensile strength of this class of aramid fibers. 

 

  
 

 

 



 
46 

CHAPTER 3  
 

 

 

 SHEAR STRENGTH OF ARAMID FIBERS 

Although prior studies, as summarized in Chapter 1, have focused on the tensile 

behavior of aramid yarns or single filaments, only a few have concentrated on estimates 

of the shear strength [56,61,85]. In those studies, shear stress was imposed by twisting 

individual aramid filaments. Although challenging, due to inherent difficulties in sample 

preparation and testing at the micrometer scale, the accurate and direct measurement of 

shear strength of single aramid filaments could enable modeling and prediction of the 

limits on crystallite reorientation under tensile load, following the hypothesis that further 

reorientation by means of shear deformation and sliding of crystallites could result in 

defect nucleation and fiber failure. Moreover, proper understanding of the effect of shear 

stress on the tensile fiber strength may guide further computational and synthesis studies 

on liquid crystal-based fibrous materials with stronger secondary bonded interactions 

between crystallites. Motivated by the aforementioned hypothesis, this Chapter focuses 

on the development of novel experiments for the measurement of the in-plane shear 

strength, τzr, of individual polymer fibers. Using this method, the shear strength of 

individual K119 filaments, with 4 GPa tensile strength and 66 GPa Young’s modulus has 

been measured and reported. 

 

3.1 Background on Shear Testing of Materials  
Accurate shear testing of materials requires careful consideration of the stress 

distribution in the test specimen in order to minimize, if not completely eliminate, the 

tensile and compressive stresses in the region of interest while maintaining the shear 

stress as uniform as possible. Over the years novel specimen geometries, such as the ones 
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by Iosipescu [96,97], Figure 3.1(a), and Miyauchi [98-100], Figure 3.1(b), have been 

utilized and further refined. These designs require special fixtures and work well with 

2D, plate-like specimens. Standardized specimen geometries following the ASTM 

standard B831 [101], Figure 3.2(a), and shear compression specimens [102,103], Figure 

3.2(b), generate shear zones in a specimen under tensile or compressive load, which 

makes efficient use of universal testing frames or high strain rate apparatuses such as 

Kolsky bars. As a result, several studies have focused on the analysis of the stress 

distribution in the slotted shear specimen to ensure shear dominant deformation and shear 

strain uniformity by inserting rounded [104-109] or eccentric notches [110,111]. 

Thinning down the shear zone in the out-of-plane direction minimizes the inherent 

problem of shear plane rotation due to the asymmetry in the slotted shear specimens 

[112-116], while specimens modified to attach to a specialized holder can also restrict 

rotation [117].  

 

 

(a) (b) 

Figure 3.1(a) Iosipescu specimen with a V notch tested using a specialized fixture [118]. 

(b) Miyauchi shear test specimen with two parallel shear zones [99]. Figures reprinted 

with permission from Elsevier.   

 

flow curves for an interstitial free steel. Furthermore, we discuss a
numerical study of the stress state.

2. State of the art

2.1. Sheet metal characterization

Various testing methods for the characterization of the plastic
behavior of sheet materials are established today. Fig. 1 schemati-
cally shows some well-known tests and the corresponding stress
states in the r1 ! r2 plane. The yield locus can be divided into four
quadrants. The first quadrant represents the biaxial tensile stress
states, while the third quadrant corresponds to biaxial compres-
sion. Shear deformation with one tensile and one compression
stress component is located in the second and forth quadrants.
The simple tension test can be found on the positive half of the
axes. Due to its simplicity and the homogeneous stress and strain
distribution, this test is considered as a standard test for many
applications. The maximum achievable strain is limited by necking,
which occurs for normal sheet metals at an equivalent strain of
0.2–0.3 or even below. On the compression side, the uniaxial com-
pression test bears many difficulties for sheet materials due to
their tendency to buckle. This issue is particularly important for
applications of cyclic loadings as shown by Cao et al. (2009). Differ-
ent testing methods are applied to study biaxial tensile stress
states: the hydraulic bulge test (Panknin, 1959), the biaxial tensile
test (Hannon and Tiernan, 2008) and the stack compression test
(Merklein and Kuppert, 2009). Biaxial compression represents the
highest difficulty for sheet metal testing. Zillmann et al. (2011)
have recently proposed a new test setup using very small quadratic
specimens and an optical strain measurement to further analyze
this load case.

Shear tests are a convenient way to characterize materials
under shear loadings. Hardening curves can be recorded without
limitations inherently associated with friction, buckling or necking.
Numerous different specimen geometries and testing devices have
been proposed for shear testing. Iosipescu (1967) presented a
V-notched geometry which was further developed and, for exam-
ple, documented in the ASTM D5379 standard (ASTM, PA). G’Sell
et al. (1983) and Rauch and G’Sell (1989) introduced a plane shear
test for polymer or metallic sheet materials. This test allows the
setting of the principal stress axes in rolling and transverse direc-
tions of the sheet. Due to the inhomogeneous strain distribution

induced by edge effects, (Bouvier et al., 2006) suggested to increase
the ratio of length to width in order to generate a larger central
area. Miyauchi (1984) suggested a specimen with two shear
gauges and three clamping areas. By a translational movement of
the inner area parallel to the outer clamps, both shear gauges are
deformed symmetrically, which reduces the rotation moment on
the machine. An et al. (2009) compared two Miyauchi-type speci-
mens with rectangular shape and slit shape of the shear zones. For
rectangular geometries, the strain distribution is quite homoge-
neous in the majority of shear length of specimen, while for
specimens with slits, the strain distribution is rather inhomoge-
neous across the larger part of the shear length. The ASTM standard
B831–05 (ASTM, 2005) describes a shear specimen that can be di-
rectly used in uniaxial testing machines because of its simple
geometry. Diagonal slits are arranged on a sheet strip so that a
small zone is sheared when tensile loads are applied. Shouler
and Allwood (2010) also studied the fomability of sheet materials
using shear specimens. While shear tests are commonly conducted
using a translational displacement, torsion also leads to simple
shear deformation. Marciniak (1961) proposed the in-plane torsion
test for sheet metal testing, which was further developed by
Pöhlandt and Tekkaya (1985) and Bauer (1989). Recently, a shear
test using the in-plane torsion kinematics was also suggested by
Brosius et al. (2011): the so-called twin bridge shear test. In the
remainder of this paper, we focus on three approaches for shear
testing: the Miyauchi shear test, the shear test according to ASTM
B831 and the twin bridge shear test using in-plane torsion.

2.2. Miyauchi shear test

Miyauchi (1984) proposed a simple shear test with two shear
zones, Fig. 2. The specimen has three bars that are all clamped,
and that are connected by the regions that represent the two shear
zones. When a tensile load is applied to the middle bar, the
connecting regions will be deformed by shear deformation. This
geometry reduces the rotation of the shear zone during loading.
However, while this approach provides a work-around for the rota-
tion of the shear direction, it creates a different rotation of the prin-
cipal stress directions in the two shear zones during deformation.
As a consequence, an anisotropic material response may be par-
tially averaged out and may probably not be fully represented by
the experimental data. The slits in the specimen help to reduce
the premature failure due to stress concentrations on the edges.
The geometry of the specimen, especially the length of the shear
zone, can affect the measured work hardening, as investigated by
An et al. (2009), where two different geometries were used. An
et al. (2009) recommended the rectangular specimen since the
strain distribution in the shear zone is quite homogeneous. The

Fig. 1. Overview of testing methods for sheet metal characterization.

(a) (b)

Fig. 2. Schematic representation of the (a) Miyauchi test setup and (b) specimen
geometry proposed by Zillmann et al. (2012). The arrow indicates the direction of
force.

Q. Yin et al. / International Journal of Solids and Structures 51 (2014) 1066–1074 1067
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(a) (b) 

Figure 3.2 (a) Slotted shear test specimen based on ASTM standard B831 [99]. (b) 

Original shear compression specimen developed by Rittel and co-workers [102,103]. 

Figures reprinted with permission from Elsevier.  

Recently, shear loading of aramid filaments has been reported with the objective 

to reveal the inner structure rather than measure the force at shear failure, which was 

proven to be very small to measure [119]. Figure 3.3(a) shows a symmetric double notch 

specimen used in the aforementioned study, which resembles a Miyauchi specimen with 

two symmetric shear planes, and Figure 3.3(b) shows an asymmetric slotted shear type 

specimen [94], both obtained by inserting notches into a single Kevlar® KM2 fiber by 

using a Focused Ion Beam (FIB). The 90° asymmetric slotted shear specimen in Figure 

3.3(b) served the purpose of revealing the inner fibrillar structure, therefore issues arising 

from the use of two normal cuts, such as significant rotation and normal stresses around 

the shear zone, were not considered. With this technique, the authors obtained cleaved 

internal surfaces better than those that can be obtained with microtoming, which enabled 

the observation of a fibrillar structure via AFM modulus mapping.  

 

compression of the cylinder, the gage section ex-
periences a dominant state of shear deformation.
The gage section is defined by its height (h) and
thickness (t). The diameter of the cylindrical sec-
tions (U) is chosen such that they remain elastic
during the test. These sections transfer the vertical
displacements and loads to the gage. A clearance
(q) is machined, to provide visual access to the gage
and facilitate diagnostics (e.g. real-time tempera-
ture monitoring, or deformation related features).
The clearance does not affect load transmission to

the gage. A typical deformed copper specimen is
also shown in Fig. 1. In this figure the shear dom-
inated nature of the gage deformation is clearly
illustrated.

2.2. Numerical analysis of the shear compression
specimen

2.2.1. Finite element model and results
The SCS was discretized for three-dimensional,

implicit, static finite element analysis, using eight

Fig. 1. Schematic representation of the SCS. All dimensions are in mm. h, t and U are the geometrical parameters used for stress and
strain determination. The deformed specimen is made of commercial copper.

D. Rittel et al. / Mechanics of Materials 34 (2002) 627–642 629
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(a) (b) 

Figure 3.3 (a) Symmetric double edge-notched specimen [119]. Reprinted with 

permission from Springer and (b) asymmetric slotted shear type  specimen machined 

using a FIB on a single KM2 filament [94]. Reprinted with permission from Elsevier. 

 

3.2 Experimental Methods 
3.2.1 Specimen Design for Shear Strength Measurements 

The symmetric double edge-notched specimen introduced in the previous Section 

was evaluated first in this dissertation research and an analysis and preliminary 

experiments were performed. A Finite Element Analysis (FEA) was utilized to determine 

the spacing between the notches and the central slit, and the size of the notches, in the 

specimen geometry shown meshed in Figure 3.4(a,b). The FE mesh consisted of 8-node 

linear brick elements with increasing mesh density around the shear zone, as shown in 

Figure 3.4(b). The elastic constants of the transversely isotropic fiber model were adopted 

from Cheng et al. [120] for a KM2 fiber, and are summarized in Table 3.1: E1 and E2 are 

the transverse elastic moduli, G13 and G23 are the shear moduli for the transverse-

longitudinal plane, n12 is the Poisson’s ratio for the transverse-transverse plane, and n31 is 

the Poisson’s ratio for the longitudinal-transverse plane. The elastic modulus along the 

fiber axis, E3, for KM2 fibers was measured in this work and reported in Chapter 2. 

Figure 3.4(c) shows the shear stress profile, normalized by the average shear stress, along 

a line passing through the center of the shear plane. The stress singularity, which could 

6.5 µm 

10 µm 
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not be modeled by brick elements, resulted in spikes of shear stress at the notch edges. In 

practice, the notch edges do not form perfect 90° angles, and the rounded edges alleviate 

the stress singularity, albeit still generate a high stress concentration that will initiate 

early shear failure and would limit our ability to calculate the shear strength. Therefore, 

this specimen geometry is ineffective in determining the true fiber shear strength.  

 

  

(a) (b) 

 

(c) 

Figure 3.4 (a) FE model of symmetric double notch specimen. (b) Detail of the mesh 

in the shear zone. (c) Shear stress profile along a line passing through the center of the 

shear plane, normalized by average shear stress. Note the stress singularity at the notch 

edges at ±1. 
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Table 3.1. Elastic constants used in the transversely isotropic FE fiber model, derived 

for a KM2 fiber by Cheng et al. [120], except for E3 that was measured in this work. 

E1, E2 (GPa) E3  (GPa) G13, G23 (GPa) n12 n31 

1.34 82 24.4 0.24 0.6 
 

Instead, the stress profile at the tip of the edge notches can be shaped, and 

potentially controlled, by changing the local angle at the notch tip corner by introducing 

semicircular cuts, Figure 3.5(a,b). With this modification the shear stress profile vanishes 

at the notch tip edges and is uniform in approximately half of the shear zone length for a 

3-µm shear zone length, as shown in Figure 3.5(c). Figure 3.6(a) shows SEM images of a 

K49 fiber, attached using a Devcon two-part epoxy to a Microelectromechanical System 

(MEMS) type device designed for small scale experiments with individual fibers. Figure 

3.6(b) shows the same fiber after the edge notches, pointed by arrows, were created via 

FIB. The use of a FIB results in some ion beam damage around the central slit. Figure 

3.6(c) is a post-mortem view of the matching specimen sides. As shown, during shear 

deformation and failure, fibrils were extracted from the matching surface at the notch tip 

edges. The very small width of the notches, created within the limitations of a FIB, as 

well as the non-circular fiber cross-section, resulted in inevitable asymmetric notches 

and, thus, a tensile stress component that could have contributed to the extruded fibrils. 

Moreover, Ga+ ions scatter inside the deep and narrow central slit as ion milling is 

progressing, causing damage to the side walls of the central slit, as pointed by the arrow 

in Figure 3.6(d). Because of this detrimental ion beam damage, and the lack of perfectly 

symmetric edge notches, a modified slotted shear specimen was developed inspired by 

the ASTM B831 standard. A FE model of the specimen geometry is shown in Figure 

3.7(a,b), where the slots are terminated with eccentric half-circles that eliminated the 

stress singularity at the edges of the tip of the notches to achieve near uniform shear 

stress and shear dominated deformation along and around a zone in the middle of the 

fiber, as shown in Figure 3.7(c). The FE mesh consisted of 8-node linear brick elements 

away from the shear zone, and 10-node quadratic tetrahedron elements with increasing 

mesh density around the shear zone. 
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(a) (b) 

 

(c) 

Figure 3.5 (a) FE model of a symmetric double edge-notched specimen with a shear 

zone length of 3 µm. (b) Detail in the area marked in (a), showing the semicircles at the 

notch tip edges, which were introduced to eliminate the stress singularity. (c) Plot of 

shear stress distribution, demonstrating nearly uniform shear stress along the shear zone, 

when a 3-µm shear zone length is used. 
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(a) (b) 

  

(c) (d) 

Figure 3.6 (a) A K49 fiber attached to a MEMS device for microscale fiber testing. (b) 

Notches introduced via a FIB. (c) SEM image of matching specimen surfaces after shear 

failure with the arrows pointing to pulled fibrils. (d) FIB damage inside the central slit 

wall.  
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(a) (b) 

 

(c) 

Figure 3.7 (a) FE model of slotted shear specimen, and (b) detail of the mesh in the shear 

zone showing the eccentric semicircles that eliminated the stress singularity at the edges 

of the shear plane. (c) Contour plot of the shear stress demonstrating a near uniform shear 

dominated deformation along and around the shear zone. 
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Table 3.2 summarizes the elastic constants used for the transversely isotropic FEA 

K119 fiber model following the work by Singletary et al. [59]. The elastic modulus 

values along the fiber axis, E3, were measured and reported in Chapter 2. The rest of the 

elastic properties correspond to K29 fibers and are assumed to be similar for other Kevlar 

fiber grades. The main difference between the fibers is the orientation distribution of 

crystallites along the fiber axis as shown in Chapter 2, which mainly affects the elastic 

modulus, E3, due to the highly anisotropic nature of the monoclinic crystals making up 

the fibers. Based on this background it is reasonable to assume comparable transverse 

elastic properties for all Kevlar grades. 

 

Table 3.2. Elastic constants used in the transversely isotropic FEA K119 fiber model 

following Singletary et al. [59]. The value for E3 was obtained in the experiments 

reported in Chapter 2. 

E1, E2 (GPa) E3  (GPa) G13, G23 (GPa) n12 n31 

2.45 66 2.2 0.43 0.63 

 

Figure 3.8(a) shows the normalized shear stress, tnorm, on the shear surface of a 

K119 fiber with 3 µm shear zone length and 0.1 µm radius semicircles at the notch tip 

edges, Figure 3.8(b). The normalized shear stress is the ratio of the local shear stress, as 

computed via FEA, to the average shear stress: 

𝜏HIJK =
𝜏
L
M
 (3.1) 

where F is the applied tensile force on the fiber and A is the area of the shear plane. The 

Ga+ ions of the FIB could amorphize the polymer in the vicinity of the notch tip edges. 

By shaping the stress profile to result in a non-singular stress state at the notch tip, the 

shear stress vanishes in the potentially amorphized regions, thus preventing premature 
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(a) 

 

(b) 

Figure 3.8 (a) Normalized shear stress on the shear zone surface. (b) Fiber with 3-µm 

shear zone length and 0.1 µm radius semicircles at the notch tip edges, showing the 

origin at the center of the shear zone.   
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failure due to FIB-induced damage. Moreover, as deduced from Figure 3.8(a), the shear 

stress profile is uniform in the majority of the shear surface in the central region of the 

fiber while the highest shear stress occurs along the central line (x = 0, y = 0). Thus, the 

specimen geometry could be optimized based on a comparison of shear stress profiles 

along the central line in the shear zone. This is demonstrated in Figure 3.9 where the 

normalized shear stress is plotted along the central line for various shear zone length 

values. In the plot, the normalized coordinates 1 and -1 correspond to the notch tip. It is 

observed that a shear zone length of 3 µm could provide a nearly uniform shear stress 

profile for at least half of the shear zone length. The shear strength can be directly 

computed from the peak force at failure by dividing with the shear zone area, and 

multiplying by the factor 1.16 which corresponds to the plateau for the case of 3 µm in 

Figure 3.9. The stress distribution shown in Figure 3.8(a) guarantees that shear failure 

will occur when the peak stress along the central line reaches the shear strength of the 

material. 

 

 

Figure 3.9 Shear stress profiles along the central line, (x = 0, y = 0) in Figure 3.8(b), for 

a K119 fiber with different shear zone lengths.  
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The pulled fibrils observed in the shear zone in Figure 3.6 may also be due to the 

influence of the non-zero tensile stress component in the shear zone. Similarly, the value 

of the normal stress in the transverse direction, s11, which could result in opening of a 

crack in the transverse direction may also affect the calculated shear strength. To assess 

the potentially important role of s11 and s33 in the measured tensile force value that 

drives shear failure, their values in the shear zone are plotted in Figure 3.14(a,b), 

respectively. For van der Waals interactions, that hold the fiber structure together in the 

transverse direction, 100 MPa is a reasonable cohesive strength value which is much 

larger than the spectrum of values in the contour plot in Figure 3.14(a). Similarly, the 

values of s33 in Figure 3.14(b) are more than two orders of magnitude smaller than the 4 

GPa tensile strength of K119 fibers, and several times smaller than the reported 

compressive strength of aramid fibers of 300-700 MPa [56,121]. Therefore, the tensile 

components of stress in the shear zone are not expected to cause tensile fibril failure or 

microbuckling. 

In summary, the asymmetric shear specimen geometry exhibits shear stress 

profiles that ensure accurate shear strength measurements in high performance 

micrometer scale fibers. Yet, during specimen preparation, the notch geometry cannot be 

precisely defined due to limitations in nanoscale milling via FIB [122]. The angle of the 

notch, 45°, does not deviate by an appreciable amount. However, the intended 3 µm shear 

zone length could be defined within the 2.5-3.5 µm range. According to the plot in Figure 

3.9 this range in shear zone length results in tnorm in the range 1.13-1.18, while still 

maintaining the plateau in the middle of the shear zone, whose length can be measured 

quite precisely before testing using SEM. Finally, the role of the variation of the 

semicircle radius through the fiber thickness was evaluated via a FEA for a 3-µm zone 

length and different semicircle radii. Figure 3.11 shows that the maximum tnorm along the 

center line varies in the range 1.16-1.2 suggesting a minimal effect on the calculated 

shear strength. While a 0.05 µm radius is very small for ion-mill using a FIB, 0.1-0.2 µm 

radii could be machined properly and showed nearly uniform shear stress profile. 

Therefore a 0.1 µm radius was used in the calculations shown in Figure 3.9. 
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(a) 

 

(b) 

Figure 3.10 (a) Normal stress in transverse direction, s11 and (b) tensile stress s33 in the 

shear zone at the point of shear failure.  
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Figure 3.11 Shear stress profiles along the central line, (x = 0, y = 0) in Figure 3.8(b), for 

a K119 fiber with 3-µm shear zone length and different semicircle radii.  

 

The two edge notches could be off-axis by a distance, δ, that could be as much as 

0.5 µm, as described in the schematic in Figure 3.12(a). This issue could arise due to the 

non-circular fiber cross-section and tilt in sample during FIB milling. A FE analysis was 

performed for a fiber with 3 µm shear zone length, 0.1 µm semicircle radius and various 

out-of-axis values. As shown in Figure 3.12(a), the off-axis distance did not affect the 

value of tnorm. For two edge notches with non-zero off-axis distance, the shear surface 

area could be calculated quite precisely by using SEM images. Finally, the eccentricity of 

the two notches was considered as described in the schematic in Figure 3.12(b). SEM 

observations pointed out that FIB-generated edge notches could be eccentric by as much 

as e = 0.25 µm. A FE analysis of a fiber with 3 µm shear zone length, 0.1 µm semicircle 

radius showed that eccentricity is the most important factor to be considered during FIB 

milling, as the typical eccentricity of 0.25 µm results in ~10% difference in the calculated 

shear strength compared to a perfect specimen. It should be noted that this difference 

could be accounted for by measuring the eccentricity with SEM before testing and using 

the corresponding tnorm value from the plots. 
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(a) 

  

(b) 

Figure 3.12 (a) Schematic of a fiber in which the shear surface is off-axis, and 

corresponding plot of the normalized shear stress in the shear zone. Note that the actual 

shear surface area was used for shear stress normalization. (b) Schematic of a fiber with 

eccentric edge notches and plot of normalized shear stress in the shear zone showing that 

a typical eccentricity of 0.25 µm results in 10% uncertainty in the measured shear 

strength. This issue can be addressed by measuring the eccentricity before testing. 
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3.2.2 Shear Strength Measurements 

Figure 3.13(a) shows the MEMS device custom designed at UIUC for the shear 

tests and fabricated by using the PolyMUMPS process of MEMSCAP (NC, USA). 

Movable structure of the device was built up of two stacked polycrystalline silicon layers 

(POLY1 and POLY2 layers of PolyMUMPS process) with total thickness of 3.5 µm so as 

to achieve high out-of-plane bending stiffness. The thicker device allowed us to position 

a fiber inside a channel that was fabricated directly by photolithography. While placed in 

this channel, a fiber sits closer to the neutral axis of the MEMS device, hence reducing 

the out-of-plane bending moment under a tensile force [90]. The device design consists of 

a pedal where a glass probe is attached to extend the fiber with the aid of an external 

piezoelectric actuator. External actuation overcomes several and significant inherent 

issues in on-chip MEMS actuation, and allows for generating forces of the order of mN, 

which is not easy to do with on-chip actuators. By DIC of high magnification optical 

microscopy images, the rigid body motion of the numbered pads in Figure 3.13(b) was 

calculated with ~20 nm resolution [123]. This MEMS device enables the simultaneous 

measurement of the force applied on the fiber by an external actuator [124] as the product 

of loadcell stiffness ´ (uII – uIII), and the fiber elongation as (uI-uII), where uI, uII and uIII 

are the rigid body displacements of the three numbered pads in Figure 3.13(b). The as-

fabricated, folded beam type, loadcell was designed to have a maximum stiffness of 2400 

N/m; smaller stiffness values are achieved by cutting a number of the parallel beams 

using a FIB, in order to increase the sensitivity of the loadcell for a given stiffness of the 

test fibers. 
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(a) 

 

(b) 

Figure 3.13 (a) MEMS tensile tester with a folded beam type loadcell. The arrow on the 

pedal points to the direction of actuation with the aid of an external piezoelectric 

actuator. (b) Close-up of the device loadcell and grip: A fiber is placed inside the channel 

while the rigid body motion of the three numbered pads simultaneously provides 

measurements of the applied force and the fiber stretch ratio or engineering strain. 
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3.3 Results and Discussion 
Figure 3.14(a) shows a notched K119 fiber attached to a MEMS device, with the 

details of the notched test specimen shown in Figure 3.14(b,c). As shown in the figures, 

the ion beam used to shape the test fiber has caused minimal damage compared to the 

symmetric double shear specimen shown in Figure 3.6(b) due to the reduced time of 

exposure to the ion beam. For the particular edge notches, the milling current was 2 nA at 

16 kV voltage. 

Figure 3.15 shows a plot of the maximum shear stress vs. cross-head displacement 

for a K119 fiber which, at the peak tensile force, failed along the uniform stress portion 

of the shear zone shown in Figure 3.8(b). The non-linearity of the curve is due to the 

deformation of the compliant epoxy used to attach the fiber to the MEMS device. The 

true shear strength was 81 MPa. The average shear strength of 85±7.6 MPa was 

calculated for three K119 fibers by carefully measuring the shear zone length, semicircle 

radius, off-axis distance and eccentricity of the FIB milled specimens before testing and 

using the tnorm calculated using the FE analysis for the specific geometric parameters, as 

summarized in Section 3.2.1. Past work on shear strength measurements of aramid 

filaments utilized tension testing of untwisted single fibers previously twisted to 

increasing torsional strain and measuring the torsional strain at the point that the fiber 

tensile strength decreased [56,61,85]. The shear strength was calculated from the 

torsional strain by assuming that the maximum shear stress develops on the periphery of 

the fiber where the skin-core interface resides. The shear strength, τθz, values of various 

experimental and commercial aramid filaments were reported to be in the range of 25-

180 MPa. This large variation of shear strength values measured using torsional tests may 

also be, in part, due to the skin-core interface which, as shown in Chapter 2, can be weak. 

Hence, these values of shear strength are not a correct measure of the interfibrillar shear 

interactions. The shear strength measured in this dissertation research study utilized a 

uniform shear test, thus could capture the interfibrillar shear interactions with minimal 

influence of the weak skin-core interface that is a limiting factor for the tensile strength 

of aramid fibers. 
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(a) 

 

(b) 

 

(c) 

Figure 3.14 (a) A K119 fiber placed onto a MEMS device. (b) Fiber after the edge 

notches were created via a FIB. (c) Close-up view showing minimal damage on the fiber 

surface. 

 



 
66 

 

Figure 3.15 Shear stress vs. cross-head displacement of a K119 fiber with true shear 

strength of 81 MPa.  

 

The present shear tests also revealed the internal structure of the K119 fibers. 

Figure 3.16(a) shows a K119 fiber after shear failure with fine fibrillar structure 

consisting of multiple size fibrils, Figure 3.16(b,c), which supports the hypothesis 

presented in Chapter 2 that there is not intrinsic length scale for the fibrils but the loading 

conditions determine fiber splitting and the spontaneously exposed “internal structure” 

during fiber failure. Figure 3.16(d) shows multiple sheets of fibrils that were sheared 

during mode II failure due to the dynamic fracture process that initiated failure in 

multiple parallel planes. Another important observation of the fracture surfaces was the 

clear skin-core differentiation and the different structure of the two components of the 

fiber. Figure 3.17(a) shows a missing skin fragment on one side of a K119 shear 

specimen, which is found on the matching side of the specimen in Figure 3.17(b). Skin 

fragments consistently peeled off from the fiber surface with sizes as long as ~6 µm, 
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Figure 3.17(c), suggesting a weak skin-core interface. This was also pointed out as the 

reason for failure initiation in the short gauge length fibers (200 µm) discussed in Chapter 

2. SEM images of the inner surface of a skin fragment, Figure 3.17(d), showed no 

fibrillar structure as opposed to the fibrillar core. 

 

  

(a) (b) 

  

(c) (d) 

Figure 3.16 (a) SEM image of a K119 fiber after shear failure. (b,c) fine fibrillar 

structure. (d) Parallel sheets of split fibrils indicating shear failure. 
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(a) (b) 

  

(c) (d) 

Figure 3.17. (a) Skin fragment missing on one side of a K119 shear specimen, and (b) 

matching side containing the particular skin fragment. (c,d) Skin fragments as long as ~6 

µm with distinct non-fibrillar structure compared to fibrillar structure of the fiber core. 

 

 

 

 



 
69 

 

 

3.4 Conclusions 

The first of the kind uniform shear experiments with high performance aramid 

fibers using a custom designed MEMS device were performed. Careful design of the 

shear test specimen via a FE analysis resulted in a uniform shear stress profile along a 

shear zone in the fiber specimen. The specimen design eliminated the stress singularity at 

the notch tip and ensured that the uniform shear stress in the majority of the shear zone 

was also the highest shear stress in the test specimen. Using this experimental approach, 

the average shear strength of K119 fibers was calculated as 85±7.6 MPa. The failure 

surfaces were characterized by a fine fibrillar structure comprised of parallel sheets of 

split fibrils, which is similar to the multiple axial splits forming under uniaxial tension, 

thus suggesting shear driven failure even under tensile loading. The weak interface 

between the fiber skin and the core was manifested as skin debonding around the shear 

zone. 
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CHAPTER 4 
 

 

 

 CONCLUSIONS   

This dissertation research aimed at understanding the effect of micro-and nano-

structure on the tensile behavior and tensile strength of high performance aramid fibers. 

Towards this goal, high quality commercial aramid fibers, Kevlar®, with different 

orientation distributions were studied under different loading conditions to probe the 

effect of crystalline domain orientation on the mechanical properties. 

XRD measurements were performed on bundles of fibers to quantify the 

orientation distribution and FWHM, which is a measure of the misorientation of 

crystalline domains comprising the fiber microstructure. Three different types of as-spun 

and one type of heat-treated fibers were employed in this study with initial distributions 

of crystallite orientation between 16.7º and 9.7º with respect to the fiber axis. The tensile 

response of single aramid filaments was nonlinear for the largest values of FWHM, with 

a clear transition regime at ~2% strain leading to higher stiffness. This transition regime 

gradually disappeared with increasing fiber orientation such that the stress-strain behavior 

morphed into a bilinear curve for the highest orientation fibers or fibers that were 

mechanically conditioned to reach higher crystalline domain orientation. The values of 

the Young’s modulus of the initially linear regime correlated perfectly with the FWHM, 

and independently of the applied strain rate, varied in a limited range, supporting a linear 

elastic behavior at strain values below 0.5%.  

The different regimes of deformation during monotonic loading were due to the 

evolution of crystalline domain orientation. The latter was investigated via loading-

unloading tests to increasing peak stress, similar to mechanical conditioning. This process 

increased both the initial and the final fiber modulus and linearized the stress-strain 
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curve, an effect that was retained upon unloading, and was attributed to increased 

crystalline domain orientation in the fibers. Importantly, this re-orientation process was 

shown to be independent of the loading path.  

The initial distributions of crystallite orientation between 16.7º and 9.7º, 

corresponded to initial moduli between 66 GPa and 119 GPa, and tensile strength values 

in the range of 3.5-4.0 GPa. Cyclic loading up to 90% of the tensile strength of each 

filament type increased the initial and final moduli of non-heat treated fibers: the initial 

modulus of all fiber types converged to 100 GPa, corresponding to a stable crystallite 

orientation distribution of 11.6º, while the initial unloading modulus converged to ~165 

GPa, close to the theoretical modulus of 220 GPa, corresponding to an orientation 

distribution of 5.8º, which, however, was not retained upon unloading. The loading 

modulus of oriented as-spun fibers was quite smaller than the modulus of 120 GPa of 

aramid fibers subjected to post-spin heat treatment, for which, mechanical cycling 

affected only the initial unloading modulus which, after cycling to 90% of the average 

tensile strength, converged to 170 GPa. Tests done at different strain rates that were more 

than three orders of magnitude apart showed that the permanent orientation of crystalline 

domains at high strains/stresses scales inversely with the applied strain rate: The increase 

in permanent orientation of crystalline domains is possible by sliding of crystallites 

through rate dependent breaking of intercrystal van der Waals bonds and reforming in 

new energetically favorable positions. Most notably, at strain rates of 0.2-0.3 s-1 both as-

spun and heat-treated fibers were linearly elastic until failure. 

In all cases, although mechanical cycling could increase the initial modulus by as 

much as 54%, the tensile strength remained constant before and after conditioning. It is, 

thus, deduced that the tensile strength may be controlled by either preexisting defects or 

other aspects of the fiber microstructure. Experiments showed constant tensile strength 

for gauge lengths as short as 200 µm, thus, implying that failure is not due to flaws 

obeying the weakest link statistics. Instead, short gauge length tests (200 µm) of all fiber 

types showed failure initiation near the skin-core interface, which allowed the extrusion 

of the fiber core. Thus, the microstructural differentiation between the fiber core and the 

skin is the likely limiting factor in tensile strength of aramid fibers. 
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The crystallite orientation process during mechanical loading requires significant 

local shear deformation, which, based on a relatively common FWHM limit value (5.8º) 

attained by all fibers types after loading to 90% of tensile strength, was hypothesized to 

be a controlling factor in fiber failure. To this effect, quantitative shear tests were 

performed for the first time using individual aramid fibers with edge notches whose 

shape, dimensions and spacing were optimized through a FEA and created by a FIB, to 

ensure shear dominant deformation and failure in the region of interest. The fragile nature 

of the test specimens required custom designed MEMS devices for small scale testing. By 

this method the shear strength for K119 was found to be 85±7.6 MPa. Post-mortem SEM 

images of the shear failure surfaces revealed a fine fibrillar structure and multiple sheets 

of fibrils which are reminiscent of the multiple axial splits typically observed in fibers 

tested in tension. SEM images of shear failure surfaces also pointed out to a skin-core 

differentiation and a weak interface which resulted in fragments of skin that debonded 

around the shear zone. 

 

4.1 Future Prospects 
The studies pursued in this dissertation research revealed several challenges and 

opportunities for future research, which are briefly discussed in this Section. 

4.1.1 Improved in situ XRD Studies with Mechanical Loading 

The XRD system that was available for this research at the Materials Research 

Laboratory presented us with two limitations. First, although mechanical testing was 

performed with individual fibers, all XRD measurements were performed on bundles 

containing hundreds of fibers. Future studies could utilize synchrotron radiation sources 

to study the crystallite orientation at the single fiber scale with higher accuracy than 

bundle measurements, and the ability to investigate the differentiation between the fiber 

skin and the core by utilizing recent micro-beam diffraction advances. The second 

limitation was the lack of a capability to obtain XRD scans during loading. Although the 

crystallite orientations corresponding to the initial reloading and initial unloading moduli 

of mechanically conditioned fibers were inferred using an analytical model, in situ 
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mechanical loading under a diffractometer would open new possibilities in obtaining 

further understanding of the mechanics of aramid fibers. 

 

4.1.2 In Situ Mechanical Testing of Single Aramid Fibers under an AFM  

Post mortem SEM images of tested fibers elucidated the importance of skin-core 

differentiation in aramid fibers. The fiber skin did not have the fine fibrillar structure of 

the core, while the split skin-core interfaces evidenced in SEM images raised the 

hypothesis of skin failure as the limiting factor in tensile strength. Preliminary in situ 

SEM imaging did not show any damage of the K119 fiber surface up to ~75% of the 

failure strain, Figure 4.1(a). On the other hand, the electron beam sensitivity of aramid 

fibers severely limited higher magnification imaging to reveal the finer details, resulting 

in cracks on the fiber surface, Figure 4.1(b), due to breaking of bonds under the combined 

effect of mechanical loading and electron beam irradiation [125]. In situ tension testing 

under an AFM not only would prevent deterioration of the fiber structure, but also enable 

the detection of possible nanometer scale damage and fibrillation of the skin, which could 

shed further light into the effect of skin-core differentiation on the tensile strength of 

aramid fibers.  

 

  
(a) (b) 

Figure 4.1 (a) K119 fiber loaded in situ inside an SEM to ~75% of failure strain without 

showing damage on the outer fiber surface. (b) Higher magnification imaging resulted in 

cracks on the fiber surface due electron beam damage combined with tensile loading. 
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